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Molecular dynamics simulations are performed to investigate the onset of plasticity in zirconium, in conditions associated with the formation of hydrides. These simulations show that plasticity is always initiated by the nucleation and propagation of pyramidal partial dislocations from the surfaces, followed by the formation of basal dislocations in a second step. This result is shown to be weakly dependent on several parameters such as surface orientation and roughness, loading conditions, temperature, and interatomic potential. Our analysis based on generalized stacking fault surfaces suggests that the favored activation of pyramidal slip is related to a surface nucleation effect. Finally, the computed elasticity limits are in agreement with the strains associated with the formation of hydride precipitates. © 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction Zirconium is a material of immense importance to the nuclear industry, where its alloys are used as direct cladding of the ﬁssion fuel in water-cooled reactors [1]. Its mechanical resistance is therefore crucial for the safe and efﬁcient functioning of nuclear power plants. Operating at elevated temperatures (280e400  C) [2] and in constant contact with water, the cladding is prone to hydrogen pick-up and eventual precipitation of zirconium hydrides. Since the early days of nuclear technology, much effort has been devoted to investigating the mechanical properties of zirconium [3e5] and how they can be inﬂuenced by the hydrides precipitation [6,7]. The present study focusses on the mechanism of initiating plastic behavior of the Zr matrix in relation with the formation of a g-phase hydride. g-ZrH is an intragranular precipitate of regular needle-like shape, slightly ﬂattened in the [0001] direction and aligned along 〈2110〉 directions of the hcp lattice of the Zr matrix. Thanks to a number of dedicated studies, the plastic deformation modes of bulk zirconium are relatively well known [8]. Under external loading, Zr deforms plastically mainly through the slip of dislocations with 1/3〈2110〉 Burgers vector in ﬁrst order prismatic
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planes {0110} and to a lesser extent by twinning [5,9e11], while basal slip system, 1/3〈2110〉{0001}, is considered secondary [12e15]. Depending on the conditions and on the composition, pyramidal slips 1/3〈2110〉{0111} [16,17] and 1/3〈1123〉{0111} [18,19] might appear. All these dislocations are susceptible to dissociation. In the following, we will refer to prismatic planes by P1, basal ones by B, and pyramidal ones by p1. In the context of hydride precipitation, Transmission Electron Microscopy (TEM) experiments revealed that a [2110]-aligned precipitate needle is accompanied by loops of B dislocations with Burgers vectors ±1/3 [1210] and ±1/3 [1120] [6,20]. P1 dislocations rarely appear and only as segments of prismatic loops, which indicates that they originate away from the matrix-precipitate interface, through cross-slip. The creation of these B dislocations has been attributed to the dilatational misﬁt strain exerted by the precipitate on the matrix. Assuming a coherent Zr/ZrH interface, its magnitude was estimated to be around 5e6% in the directions perpendicular to the precipitate axis, [011 0] and [0001], and no greater than 1% for the remaining dimension, along [2110] [21,22]. Even using modern in situ TEM techniques with on-purpose hydrogen implantation [23], the direct observation of the B dislocations nucleation, or other potentially occurring interface phenomena, is hardly feasible. The atomic scale mechanisms leading to plastic deformation at the interface remain unknown, even though they should play an important role in the models proposed [20,23,24] for explaining the precipitation process. Clearly, there is a critical lack of information concerning the onset of plasticity in
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zirconium, i.e. how dislocations can nucleate and what the required strain levels are. The present work attempts to address these issues, by performing molecular dynamics (MD) simulations of zirconium under strain. An appropriate modeling of zirconium is possible thanks to the relatively recent development of empirical potentials correctly reproducing its glide systems hierarchy [25,26]. Using this framework and a free surface model to represent the zr/zrh interface, we describe the mechanisms through which the plastic behavior is initiated and determine the associated elasticity limits. The nucleation of p1 and B dislocations is shown to occur in a range compatible with hydrides precipitation. Several inﬂuential factors are investigated and discussed, such as the temperature, the surface state, the interatomic potential, and different loading conditions. Finally, we analyze the different activated slip systems with the help of g-surfaces [27]. 2. Model Our goal is to investigate the onset of plasticity in Zr in relation with the strain generated by hydrides precipitation. Unfortunately, it is quite difﬁcult to model the Zr/ZrH interface, of which little is known. Alternative models require a discontinuity in the Zr matrix for representing the interface with hydride precipitates, which discards the use of a bulk system. Suited choices could be surfaces or grain boundaries. In this work, we decided to model the interface as a simple Zr surface, since there are less possible conﬁgurations compared to grain boundaries, and we can have a ﬁne control on how roughness (steps) is introduced. Obviously this is an approximate model for the Zr/ZrH interface. Nevertheless, it is important to note that the model geometry and loading conditions (described in the following) allow for reproducing the deformation imposed by the hydride. The molecular dynamics simulations were performed using a cuboid simulation cell. It included a piece of Zr crystal, conveniently oriented for modeling the strained zirconium matrix in contact with the hydride precipitate. Since the latter can be reasonably approximated as an inﬁnitely long cylinder aligned along [2 110], this direction was chosen as the b x axis of the cell (Fig. 1). For the two   b b remaining axes y and z , directions [0111] and  011 g32 were selected. In the case of an ideal hcp close packing (g ¼ c/a ¼ 8/3), b z is parallel to [0889] (Fig. 1). This orientation leads to a high Schmid factor, close to 0.5, for basal slip when a tensile strain is applied



Fig. 1. Partial representation of the simulation cell (orange e bulk atoms, cyan e surface atoms). The thick arrows show the strain direction. The axis orientations correspond to an hcp system with an ideal close packing (g ¼ c/a ¼ 8/3). The dashed lines show the main crystallographic planes (basal B, prismatic P, and ﬁrst order pyramidal p1 and p1 planes) with respect to this orientation. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)
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along the b y axis, and should favor the nucleation of partial B dislocations. Periodic boundary conditions were used along the b x and b y directions, but not along b z , thus creating an inﬁnite slab with two pyramidal (0112) surfaces (Fig. 1). Due to the hcp stacking, there are two inequivalent families of pyramidal planes, which leads to two different possible surfaces (Fig. 2), labelled D-type (dense) and Ltype (loose) in the following. The L-type appears slightly less corrugated than the D-type one. Both surface conﬁgurations were investigated. The atomic interactions were described using an embeddedatom method (EAM) potential (n 3 in Ref. [25]), developed with the purpose of reproducing the Zr stacking fault energies and the correct hierarchy of glide systems. For comparison, we also consider a recently proposed charge optimized many-body COMB3 potential [28] in selected cases. The ability of both potentials to yield a reliable description of Zr plasticity has been recently demonstrated [29,30]. 3. Numerical simulations Our calculations were performed using the LAMMPS package [31]. For molecular dynamics simulations, the integration of the equations of motion was performed using the Verlet algorithm and the Nose-Hoover thermostat, to reproduce the NVT ensemble. An increasing tensile strain was applied along the b y axis, by gradually changing the system dimension along this axis and rescaling the atom coordinates. We considered an engineering strain rate ε_ yy ¼ 108 s1, typical of molecular dynamics simulations. This allows us to follow the time evolution of the system from zero strain towards the strains expected in the presence of the precipitate. For each set of tested conditions, seven simulations were conducted, each of them with a different random seed for initial atomic velocities. Our standard setup included either a simulation cell with an initial size of 162 Å  305 Å  152 Å, encompassing 3,20,000 atoms (called 3D in the following), or a quasi-2D domain of 13 Å  305 Å  152 Å with 25,600 atoms. In both cases, the dimension along b x was ﬁxed. Besides, we performed several additional calculations to test the inﬂuence of various conditions. These include different loading conditions along b x , temperatures, surfaces, system sizes, and strain rates. The effects associated to the presence of steps at the surface were also investigated. In the investigation of the plasticity mechanism, structure identiﬁcation was carried out with the help of adaptive common



Fig. 2. D and L conﬁgurations of the (0112) surface: cutting the crystal through dense atomic arrangement leaves a D-type surface, cutting through loose arrangement leaves an L-type surface. Crystal viewed along [2110] direction, with the same orientation as in Fig. 1.
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Fig. 3. Onset of plasticity in the Zr crystal (EAM potential, L-type surfaces, 300 K). Only atoms not in hcp environment are displayed, with fcc atoms in magenta and the others in cyan. (a) Nucleation of partial dislocations half-loops in p1 planes (b) Nucleation of a basal plane partial dislocation from the surface close to a p1 stacking fault (N1) (c) Nucleation of another basal plane partial dislocation from the core of a p1 dislocation (N2). (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)



neighbor analysis [32]. This allows for classifying each atom according to its local environment, typically hcp or fcc, or undetermined. For the g-surfaces calculations, a similar method as in Ref. [26] was employed. Convergence of the g-energy was ensured thanks to a large number of atomic layers in the direction normal to the plane of shearing. Atoms were allowed to move only along that direction during conjugate gradient relaxation, except for those in the topmost and bottommost layers which were fully ﬁxed. 4. Plasticity mechanisms Fig. 3 shows different stages of a mechanism initiating plasticity using the 3D cell. The plastic deformation ﬁrst occurs through the nucleation from surfaces of partial dislocation loops in the ﬁrst order pyramidal planes (p1 ≡ð0111Þ, L-type), leaving behind a stacking fault. Among the two p1 planes belonging to the [2110] zone, plasticity is activated only in the (0111), i.e. the p1 plane making with the surface a large angle. No dislocation is observed in the other (0111) plane (p1 in Fig. 1). These p1 dislocations are characterized by Burgers vectors z±1=6 ½0112, as estimated by computing the disregistry between atoms bordering the p1 slip plane after dislocation formation. Lu et al. [29] reported a different Burgers vector, 1=6 ½0223, for the partial dislocations gliding in the p1 planes in their MD simulations using the same interatomic potentials. Unlike [0112] vector, this Burgers vector does not exactly belong to a p1 plane but has a small out-of-plane component corresponding to the corrugation of the pyramidal plane, as can be seen by its decomposition1 h i h i h i 1=6 0223 ¼ 11=41 0112 þ 1=246 016169 . Consequently, a 1=6 ½0223 Burgers vector will lead to a higher disregistry along the



1 The vector decomposition is given for g ¼ 8/3 corresponding to an ideal packing. The general decomposition is 1=6 ½0223 ¼ ð1 þ g2 Þ=ð3 þ 4g2 Þ ½0112 þ 1=6ð3 þ 4g2 Þ ½02g2  2g2  3. For g ¼ 1.598 corresponding to Zr, the prefactor of the in-plane [0112] vector is ~0.269, thus close to the prefactor 11/41~0.268 obtained for an ideal packing.



[011 2] than the one observed in our simulations, and we did not consider it as relevant. On the other hand, the 1=6 ½0112 Burgers vector can be understood by the existence of a stable stacking fault on the p1 plane for this vector, as it will be shown below using gsurfaces calculations. The same 1=6 ½0112 partial dislocation has been obtained by Numakura et al. [33] with a generic empirical potential. MD simulations in magnesium [34,35] also show nucleation of partial b ½0112 gliding in the p1 plane, with a slightly different amplitude b. The associated elasticity limit, deﬁned at the ﬁrst nucleation event in the pyramidal slip system, is on average 5.64% and 6.30% for L- and D-surfaces at 300 K, respectively. In a second step, these p1 dislocations serve as mediators for the nucleation of partial dislocation loops in the basal plane, with Burgers vector equal to ±1/3[0110]. As expected, these loops leave behind an intrinsic stacking fault I2 [36]. The nucleation of the B dislocations follows shortly after the p1 ones, i.e. for about 0.1% additional strain. Possible nucleation sites are displayed in Fig. 3. Whereas the p1 dislocations can form anywhere at the surface, the B ones nucleate either at a surface site in direct vicinity of the earlier p1 dislocation nucleation site (site N1 of Fig. 3), where crystalline ordering is already weakened, or by branching from the p1 dislocation core as it moves (site N2). The junction created in this way becomes a nucleation site for one more B dislocation, heading in the opposite direction. This branching process has been depicted in Fig. 4 in the case of a 2D simulation cell. The ﬁrst of the two B dislocations originating in this way is always emitted towards the surface from which its p1 precursor nucleated. This branching mechanism can be understood by looking more closely to the products of dislocation reactions. Taking b x ¼ 1=3 ½2110 as the line direction, the Burgers vector of the partial dislocations nucleated at the top surface and gliding in the pyramidal plane is 1=6 ½0112 (Fig. 4). A new dislocation is obtained by emitting a partial dislocation of Burgers vector ±1=3 ½0110 gliding in the basal plane. Among the two possibilities, the reaction leading to the smaller Burgers vectors is



h i h i h i 1=6 0112 /1=3 0110 þ 1=6 0112 :



(1)
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Fig. 4. Nucleation of B dislocations from the p1 dislocation core, N2 site in Fig. 3 (EAM potential, L-type surface, 2D simulation box, 600 K). Atoms in hcp (fcc) environment are represented in orange (magenta), while cyan is used for remaining cases. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)



This reaction, minimizing the norms of Burgers vectors and hence the elastic energy stored in the system, is favored. The PeachKoehler force acting on the basal dislocation makes it glide towards the surface. The other product of this reaction is an edge dislocation of Burgers vector 1=6 ½0112, i.e. a partial dislocation with the same amplitude as the initial dislocation but belonging to the second p1 plane of the ½2110 zone, the (011 1) plane (p1 in Fig. 1). It may look surprising that this partial dislocation does not glide in this p1 plane. But its Burgers vector does not correspond to a fault vector in this plane. Because of the asymmetry of the pyramidal planes, partial dislocations which creates a stable stacking fault in this plane, and thus which can glide, have a Burgers vector of opposite sign: 1=6 ½0112, The second dislocation created by this reaction is therefore sessile. To unlock the conﬁguration, another basal dislocation is emitted, but now with the opposite Burgers vector:



h i h i h i 1=6 0112 /1=3 0110 þ 1=6 0112 :



(2)



The hcp stacking of basal planes prevents the emission of this partial dislocation in the same plane as for the ﬁrst one. This explains why the nucleation occurs in the neighboring plane (Fig. 4). The Peach-Koehler force makes now this new basal dislocation glide away from the surface. One also recovers the initial partial 1=6 ½0112 which can continue to glide in its pyramidal plane. The net result of this two-steps reaction is the production of a shearing dislocation loop of Burgers vector 1=3 ½0110 gliding in the basal plane, with the I2 fault of this basal loop intersecting and shearing the pyramidal fault left behind the 1=6 ½0112 dislocation. One can imagine other scenarii leading to the emission of partial basal dislocations with Burgers vectors ±1=3 ½1010 or ±1=3 ½1100 by nucleation in the core of the 1=6 ½0112 dislocation. But these scenarii are less favorable because the emitted dislocation is of mixed character and has hence a smaller Schmid factor and because the products of these reactions are dislocations with larger Burgers vectors. In our simulations, we observed yet a third kind of nucleation site corresponding to the meeting point of two p1 dislocations. It usually occurred at later stages with respect to the onset of plasticity. However, further analysis reveals that this nucleation event results from the p1 loops crossing the lateral boundary along b x, until reaching their own images. This is then clearly an artefact due to the periodic boundary conditions. In real systems, the probability that p1 dislocations nucleate in the same plane but at different b x locations is very low. Hence, we consider this speciﬁc mechanism to be irrelevant for the evolution of the real ZreZrH system. Contrary to the p1 dislocations, the B ones are sometimes



followed by their trailing counterparts, as shown in Fig. 5, thus exiting the simulation domain as perfect dislocations. Dissociation lengths ranging from 40 Å to about 150 Å are observed in those cases. Another feature of basal dislocations is that they seem to propagate faster than the p1 dislocations. Analysis in few cases suggested that they move approximately 2e3 times faster than the p1 dislocations. Finally, we also observe the homogeneous nucleations of B partial dislocations, when using enlarged 2D domain (13 Å  610 Å  304 Å). However, such events were only secondary compared to the previously described mechanism. The nucleation sequence involving ﬁrst a p1 dislocation and then a B one is obtained in a large set of conditions. However, in the speciﬁc case of a D-surface and a temperature of 600 K, it becomes a minority and another mechanism prevails. In the latter, the p1 and B partial dislocations nucleate independently from each other, both directly from the surface. An example is shown in Fig. 6. Among the seven simulations performed with the D-surface at 600 K, three lead to the p1 dislocations nucleation ﬁrst followed by B dislocations, two lead to B dislocations followed by the p1 ones, while the last two show only the formation of B dislocations. As for the previously depicted mechanism, we also observed that the p1 dislocations could undergo branching. The elasticity limit for this singular case (D-surface, 600 K, 3D cell) was on average 5.27%, which is larger than 4.67% obtained for the crystal with L-type surface in the same conditions. Hence, at the scale of the entire precipitate-matrix system, this situation could be relevant only if the L-type 011 2 surfaces are for some reasons absent. 5. Inﬂuence of different parameters In the following, we report our investigations regarding how different conditions could change the plasticity mechanism and the elasticy limit. The 2D system was used as the reference case, since the plasticity mechanisms were the same for 2D and 3D systems, despite the elasticy limit being slightly higher for the 3D system (Table 1). 5.1. Temperature and size First, we studied the inﬂuence of temperature (300 K and 600 K) and system size (the aforementioned size and twice larger along b y and b z ). Changes were barely noticeable in all cases except one: for a temperature of 600 K and a D-surface, an uncorrelated nucleation of p1 and B dislocations was obtained. The system size has no inﬂuence on the mechanisms, indicating that the chosen dimensions
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Fig. 5. Nucleation of a trailing partial in the B plane (EAM potential, D-type surface, 2D simulation domain, 300 K). Same color code as in Fig. 4.



Fig. 6. Uncorrelated nucleation of p1 and B plane dislocations (EAM potential, D-type surface, 2D simulation domain, 600 K). Same color code as in Fig. 4.



Table 1 Inﬂuence of the simulation conditions on the elasticity limit (in %), relative to the absolute value for the reference state (EAM potential, 300 K, ε_ yy ¼ 108 s1 , 2D simulation box). The standard deviation for the reference values are 0.14% and 0.09% for L- and D-surfaces, respectively. Other standard deviations are typically lower than 0.2%, except for systems with steps for which they are about 0.4%. Simulation conditions



Reference 3D simulation box Size  2 along b y and b z Temperature ¼ 600 K Low steps High steps εxx ¼ 1% COMB þ size  2 along b y and b z ε_ yy ¼ 107 s1



Elasticity limit (%) L-surface



D-surface



5.36 þ0.28 0.23 0.69 0.45 1.88 1.01 þ1.72 0.26



6.12 þ0.18 0.15 0.76 0.45 1.77 1.11 þ2.64 0.35



are large enough to describe the onset of plasticity. Concerning elasticity limits, increasing the temperature and the size leads to a decrease, as expected (Table 1). In fact, a higher temperature means an increased probability for the thermally activated dislocation nucleation, while an increased size (along b y ) allows for more nucleation source candidates at the surface.



separated by about one half of the simulation box dimension in b y, were placed at one of the two surfaces. We considered two different step heights, with two (referred as low) or ten (referred as high) atomic layers. Using an even number of atomic layers ensured that both the lower and upper terraces are of the same type (L or D). First, we note that in the presence of steps the elasticity limits are lowered (Table 1), and that the dislocation nucleation usually occurs in their vicinity. This effect follows from the increase of local stress at steps. Such a phenomenon is well known and has been demonstrated in various systems [37e39]. Considering low steps conﬁgurations, a lowering of 0.45% of the elasticity limit is obtained. The details of atomic arrangements of the steps and their orientation with respect to the crystal lattice also play an important role. For instance, in most cases the leading nucleation events showed a strong preference for only one of the two present steps. However this effect is reduced for high steps, which are also characterized by a larger reduction of the elasticity limits in all cases. Finally, it is noteworthy that steps have little inﬂuence on the mechanisms of plasticity, as described in the previous section. Interestingly, the only change concerns the uncorrelated nucleation of B and p1 dislocations for D-surface and a temperature of 600 K. When high steps are introduced to the surface, the nucleation of B dislocations depends on the p1 dislocations, as usually observed in all other cases. 5.3. Loading conditions Up to now, all our simulations were performed with the condition that the dimension b x along the precipitate axis was not strained, i.e. εxx ¼ 0%. This would correspond to the misﬁt strain state proposed by Carpenter [21]. However, a recent work rather indicates a small but not zero misﬁt strain, of 1%, in this direction [22]. Considering the new loading conditions (εxx ¼ 1% and increasing εyy), we found that mechanisms of plasticity initiation were not affected. The most important change concerns the elasticity limits, which are decreased by 1.01% and 1.11% for L- and Dsurfaces, respectively. For a temperature of 600 K and a D-surface, we again observed the uncorrelated nucleation of p1 and B dislocations. However, it is interesting that this behavior now also occurred for the L-surface. This point was also conﬁrmed by performing calculations with biaxial loading such that εxx ¼ εyy.



5.2. Surface state 5.4. COMB potential Then, in order to test the inﬂuence of surface roughness, two (as required by periodicity) straight surface steps, oriented along b x and



Finally, we have also tested the inﬂuence of the interatomic
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potential, by using the COMB potential to model ZreZr interactions. These simulations were performed in an enlarged 2D simulation domain, with dimensions 13 Å  610 Å  304 Å. At 300 K, the plasticity initiation proceeds through a similar mechanism as for the EAM potential, for both D- and L-surfaces, i.e. the nucleation of single p1 partials from the surface. Nevertheless, two distinct features were observed, which are displayed in Fig. 7. First, the propagation of single p1 partials is not straight as with the EAM potential. In fact, one observes systematic deviations from the original gliding plane to a neighboring one (Fig. 7a). A tentative explanation could be that local atomic shufﬂing occurred at the dislocation core, leading to the observed deviation. Furthermore, these plane shifts usually occurred in the direction of the surface from which the partial dislocation is coming from. The second difference relates to the formation of arrays of p1 partials, each located in successive p1 planes (with a separation usually equal to three planes) (Fig. 7b). These dislocations nucleate during a short time range, but move altogether at a much slower pace than the single p1 partials. Interestingly, they can retract to the surface, after the nucleation and propagation of few B plane dislocations. The same arrays of partial dislocations gliding in pyramidal planes have been observed by Lu et al. [29] in their MD simulations of creep for nanocrystalline 2D ½1120-textured Zr using the same interatomic potential. These new features provide additional nucleation sites for B dislocations. Those can now nucleate from: the previously described N1 and N2 sites, the core of one of the arrayed p1 dislocations, or from elbows left after propagation of single p1 partials, the latter being the most frequent nucleation sites. At 300 K, the behavior reported above is obtained for both surface types. The main difference mostly concerns the elasticity limit. In fact, the arrayed p1 dislocations develop at about 8.6e8.8% for the D surface but as early as 5.5e5.8% for the L one. Likewise, the nucleation of the threading single p1-dislocations occurred at 8.76 ± 0.10% for the D surface, which is signiﬁcantly higher than the L surface value, 7.08 ± 0.12%. However, at 600 K, we observed differences during the plastic deformation. For the L surface, the p1 plane dislocations exist only in the array pattern and B plane dislocations nucleate from their cores. As for the D surface, the surface nucleation is suppressed and the plastic deformation develops through homogeneous nucleation of B dislocations. Overall, with the COMB potential the behavior of p1 partials seems to be dominated by the stacking fault contribution, as nucleation of a new partial occurs more readily than the propagation of the existing ones. But the array created in this way poorly relaxes the imposed strain, and the usual mechanisms take over at later stages of the deformation. The COMB potential leads to higher elastic limits than the EAM potential, whatever the surface state. This is consistent with the recent creep simulations from Lu et al. [29] who obtained a lower strain rate with the COMB potential for an applied stress just above
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Table 2 Summary of the early plastic deformation mechanisms at different conditions for the slab model, given in order of appearance.



EAM COMB



L-surface D-surface L-surface D-surface



300 K



600 K



p1 , B p1 , B p1-array, p1, B p1, p1-array, B



p1, B p1 and/or B p1-array, B homogeneous B



the yield stress, and also observed fewer partial dislocations gliding in the pyramidal planes with this potential. 6. Discussion 6.1. Schmid factors and g-surfaces Table 2 reports the different mechanisms initiating the plasticity. Our observation of nucleation and propagation of mobile partial or full dislocations in the basal planes of the strained zirconium matrix is in agreement with the experimental ﬁndings [20,23,24]. However, the fact that their formation is preceded, except in speciﬁc conditions, by the nucleation of p1 partial dislocations was fully unexpected. Also surprising is the complete lack of participation from prismatic glide systems, dominating in bulk zirconium. To better understand these results, it seems reasonable to ﬁrst analyze the Schmid factors for the different slip systems, in our chosen orientation and loading conditions. We found that it is close to 0.5 for the basal partial 1/3〈0110〉 glide, but only equal to 0.26 for the partial dislocation in the p1 plane. The resolved shear stress is then larger for the B dislocation, in apparent contradiction with the MD results. Conversely, the non-activation of the prismatic slip system can be explained using the Schmid factors. The P1 slip system belonging to the ½2110 zone (Fig. 1) has its  Burgers vector orthogonal to the traction direction. The resolved shear stress for this slip system is therefore zero. The two other prismatic planes, which can be activated in the 3D simulations, are characterized by a Schmid factor of 0.2, which may explain why P1 dislocations do not nucleate. Only considering Schmid factors, one may wonder why we do not observe the activation of prismatic dislocations with a -component, since the resolved shear stress should be relatively high in our model. But these dislocations are usually considered sessile, because of the lack of metastable stacking faults for a possible dissociation, as can be seen from the relevant g-surfaces [26,40]. Further insights can be obtained from the analysis of g-surfaces, that have been calculated for all the aforementioned planes, taking into account their L- and D-types when necessary. As expected, the g-surface for the basal plane (not represented) exhibits the well known features such as the I2 stacking fault [28,40,42], associated



Fig. 7. (a) Nucleation and propagation of a single p1 partial dislocation (D-surface, 300 K, 2D simulation box). (b) Formation of an array of p1 partial dislocations (L-surface, 300 K, 2D simulation box). Same color code as in Fig. 4.
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to the 1=3 ½1120 ¼ 1=3 ½0110 þ 1=3 ½1010 dissociation of dislocations. More original is the g-surface for the ﬁrst order pyramidal planes of the L-type, p1-L, computed using the EAM (Fig. 8, left) and COMB (Fig. 8, right) potentials. The regular stacking corresponds to the center of the g-surfaces, and is the reference energy. The shape of the g-surface obtained with these two interatomic potentials is in agreement with the one obtained with ab initio calculations [41]. It appears that there is a metastable low energy minimum located at the position b ½0112 relative to the center, with b z 0.161 for the EAM potential. As atomic positions are not constrained by symmetry for this stacking fault, full atomic relaxation further allows reducing the fault energy, but without any signiﬁcant impact on the b value deﬁning the fault vector. This value matches the Burgers vector magnitude of the p1 partial dislocation, and the position of this minimum corresponds to the associated stacking fault in the MD simulations. Using the COMB potential leads to similar features, with b z 0.135, thus giving a slightly shorter Burgers vector but also matching the MD results. The existence of this stable stacking fault in the p1 plane along the [01 12] direction is not speciﬁc to Zr. Using a hard sphere model, Jones and Hutchinson [43] predicted the existence of a stable pyramidal stacking fault in 1=9 ½0113. This fault vector, which does not belong to the (01 11) plane, can be decomposed in an component h in-plane i h iand a small h out-of-plane i component 1=9 0113 ¼ 19=123 0112 þ 1=369 016169 , with the in-plane component corresponding to the minimum observed on the g-surface. g-surface calculations in Mg [44] also evidenced such a stable fault vector along the [0112] direction. The analysis of the g-surfaces also allows us to explain why the p1 partial dislocations move exclusively in L-type planes. In fact, there is only one low energy path for the p1-D plane corresponding to the dislocation of 〈a〉 dislocations in this p1 plane [41,45], but this path is not favored here due to its orientation along b x . Furthermore, the non-occurence of trailing partials in the p1 plane can be understood from the g-surfaces. As seen in Fig. 8, completing the displacement from the local minimum to form a perfect 〈c þ a〉 dislocation, would require crossing a high energy region.



Table 3 Calculated stable and unstable stacking fault energies (in mJ/m2) for pyramidal p1-L and basal B planes. For the pyramidal plane, values in parentheses are obtained with full atomic relaxation. Ab initio values are taken from Refs. [40,41].



p1-L



EAM COMB ab initio



B



gs



gus



gs



gus



163 (137) 238 215 (127)



336 384 518



198 266 213



323 333 260



One can also understand why the second p1 system of the [2110] zone is not activated. As already mentioned, the Burgers vector of partial dislocations in this (0111) plane is 1=6 ½0112. With our stress loading, the sign of the Peach-Koeler force acting on these dislocations does not promote their nucleation. Under tension, partial dislocations gliding in this (0111) plane have necessarily a Burgers vector corresponding to the complementary vector to obtain a perfect dislocation: 1=3 ½1213  1=6 ½0112 ¼ 1=6 ½2314. A high energy barrier is obtained on the g-surface along this fault vector, thus explaining why no partial dislocation nucleates on this (0111) plane. The stable stacking fault energies for the different planes are reported in Table 3. They agree with the results available in the literature for EAM [25,26,40,42] and COMB [28]. It is noteworthy that gs(p1) is lower than gs (B) for both potentials. This is another factor explaining why trailing partial dislocations are only observed for the basal slip system. Because of this hierarchy of fault energies, the force exerted by the fault ribbon on the trailing partial dislocation, and thus promoting its nucleation, is higher for the basal than for the pyramidal slip system. In addition, the higher values obtained for both stable faults with the COMB potential agree with the higher elasticity limits reached with this potential. Although the analysis of stacking fault energies can provide valuable insights about the ease to propagate partial dislocations into the surface, one can also consider the unstable stacking fault



Fig. 8. g-surfaces for a p1-L plane, computed with EAM (left) and COMB (right) potentials. For convenience, the represented surface covers an orthogonal periodic cell of the plane, in which the central position is equivalent to those at the corners.
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energies gus, i.e. the energy maximum along the path leading to the creation of the stacking fault. They might help to understand why p1 dislocations nucleate prior to the B ones in almost all conditions, despite a less favorable Schmid factor. The g-lines, extracted from g-surfaces calculations, are shown in Fig. 9, and the calculated values reported in Table 3. Surprisingly, we found that gus for B partial dislocations is slightly lower compared to p1 partial dislocations. Even if the difference is small, and as such should not play a decisive role, this contradicts the nucleation ordering occurring in our simulations. Since the analysis of both Schmid factors and g-surfaces does not explain why plasticity occurs primarily through pyramidal dislocations formation, one might assume that local effects play an important role in the nucleation. This is supported by the following facts: e the p1 partials formation is easier at L-type surfaces than at Dtype ones, e the leading B partials nucleate preferentially either at the surface step left by the p1 partial, or in the volume from the associated stacking fault, rather than at an ordinary surface sites, e introducing steps at the surface also enhances the nucleation of p1 partials, relative to B partials. Therefore, it seems that nucleating B partials is more difﬁcult than p1 partials, and that this overrides the favorable effect of Schmid factor. The plasticity onset is thus controlled by several factors, among which the nucleation mechanisms seem to play an important role.
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boundary conditions and a cell size corresponding to an elementary lattice distance for this direction, an inﬁnitely long precipitate is modeled. Periodic boundary conditions are also employed for the remaining b y and b z directions, but with large initial sizes of 314 Å and 310 Å to prevent a spurious interaction between replicated cells. Cell dimensions are allowed to relax during the simulation for these two directions (tests with ﬁxed dimensions cell were essentially similar). The repulsive force ﬁeld has a cylindrical symmetry, and is centered on a cylindrical cavity carved into the Zr matrix with an initial radius of 40 Å. The remaining atoms are subjected to a force of magnitude F(r) ¼ K(r  R)2 if r  R, with r being the distance between one given atom and the center of the cavity, and R the position of the force ﬁeld (relative to the cavity center). R is initially equal to 40 Å, and is increasing as a function of time to reach 50 Å after a 2 ns MD simulation. This is equivalent to a strain rate of 108 s1. K ¼ 1000 eV Å3 is the strength of the indenter, and the MD temperature is 300 K. Fig. 10 shows different steps of a simulation. The initiation of plasticity occurs for R ¼ 41.9 Å (equivalent to a strain of 4.75%), with the formation of p1 dislocations at different surface locations. These dislocations are the same as those obtained using the previous slab model. In a second phase, B dislocations are nucleated either from the surface, or from the p1 dislocation cores. Finally, for large strains, several p1 and B dislocations form and propagate deeper into the Zr matrix. Although the mechanical loading is different and all surfaces can now be involved, we observe basically the same behavior as with the previous slab model. This conﬁrms that the plasticity mechanisms revealed in the previous sections are not an artefact of the speciﬁc choice of surface in our slab model.



6.2. Cylindrical loading



6.3. Analysis of plasticity mechanism



The above analysis might lead to questions regarding a possible pathological character of the surface selected in our slab model. In fact, while this surface allows to get a maximal resolved shear stress associated to the basal slip system, its geometrical features could also artiﬁcially favor the nucleation of partial p1 dislocations. In order to dispel any doubts, we have performed additional EAM potential simulations using a different model, allowing for a mechanical sollicitation of all zirconium surfaces. In this model, displayed in Fig. 10, the swelling effect of the hydride precipitate is reproduced using a cylindrical repulsive force ﬁeld, the cylinder axis being [2110] (b x in the previous model). By combining periodic



As an attempt to explain the precipitation process, Carpenter [24] proposed a simple model, later modiﬁed by Shinohara et al. [23], in which the transition from the hcp matrix to the precipitate structure was completed thanks to a sequence of parallel dislocations passing on alternating B planes. These would nucleate from the coherent interface between the matrix and a region of hydrogen aggregation within the matrix, which thus becomes the precipitate. Most of these dislocations would then get trapped at the interface, while only a fraction would move outside the precipitate and constitute what is seen in the experiments. Our results suggest that the p1 plane partial dislocations should also be considered as important actors in the onset of plasticity in Zr following hydride precipitation. In addition, the p1-dislocations allow for strain relaxation in the c-direction, that is not accounted for in the aforementioned model. One might argue that the nucleation of p1 partial dislocations could be related to our choice of a surface to represent the Zr/ZrH interface. However, these dislocations always formed before B dislocations, even if the resolved stress greatly favors the latter. In addition, the presence of steps were considered, as well as a cylindrical model including all surface orientations. In all cases, the nucleation of p1 partial dislocations initiates the plasticity. Nevertheless, a deﬁnitive conﬁrmation would only be obtained by an atomistic description of the ZrH precipitate growing at the expense of the Zr matrix. This is hardly feasible, essentially because the relevant timescale is completely out of the reach of molecular dynamics methods. 6.4. Elasticity limits



Fig. 9. g-lines along b½0112 in the p1L plane and along 1=3½0110 in the B plane, for the two used potentials.



Finally, it is interesting to compare the calculated elasticity limits with the estimated misﬁt strains at the Zr/ZrH interface. The available values of 5e6% [21,22] are in agreement with the numbers
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Fig. 10. Onset of plasticity in the Zr matrix due to a cylindrical repulsive force ﬁeld in expansion (represented as a dashed circle at 0%), for different equivalent strains. Same color code as in Fig. 4.



reported here. However, the strain rate is known to have an inﬂuence on the elasticity limits. Lowering by one order of magnitude the strain rate in our simulations, an elasticity limit reduction of about 0.3% is determined (Table 1). Experimentally, the formation of hydride precipitates is quite slow [2], with characteristic times of the order of 103 s. Assuming that the precipitate grows to a diameter of about 1 mm, and the strained region of matrix is of similar extent, we can roughly estimate the strain rate during precipitate growth to be about 105 s1, thus largely out of the reach of molecular dynamics simulations. As a consequence our calculated elasticity limits are certainly overestimated. Using stochastic models [46,47], it can be shown that this huge gap between experimental and molecular dynamics timescales approximately yields a 50% reduction of the computed elasticity limits. Taking into account this effect, our calculations predict that dislocations will start nucleating at about 3%, the onset of plasticity occurring during the formation of the precipitate. This is in agreement with the experimental observations showing the pile-up of several dislocations in the Zr matrix in the vicinity of the already formed precipitates [20]. 7. Conclusions The onset of plasticity in zirconium in relation with hydrides precipitation has been investigated by means of molecular dynamics simulations. In particular, we have studied the inﬂuence of different surfaces, surface roughness, loading conditions, temperatures, and interatomic potentials (EAM and COMB). The ﬁrst key lesson coming from these calculations is the critical role of partial dislocations in the pyramidal ð01111Þ plane (L-type), which nucleate ﬁrst in almost all cases. These dislocations are



characterized by a Burgers vector z1/6[0112], corresponding to a low energy path in the g-surface. The formation of these p1 dislocations is then followed by the nucleation of partial basal dislocations, with a 1/3[0110] Burgers vector, typically from a surface site in the direct vicinity of the previous p1 dislocation nucleation site, or from a p1 dislocation core. This onset of plasticity mechanism was obtained for different surfaces, including or not steps, and different temperatures. The main difference occurs when using the COMB potential, with the formation of an array of p1 dislocations in addition to single dislocations. A g-surface analysis did not allow for explaining the prominent role of these p1 dislocations compared to the basal ones, which is probably due to a nucleationrelated effect. The second key lesson is that the elasticity limits are found to be in the range 3.5%e5.6% (using the EAM potential and the L-surface), depending on the conditions. These values suggest that the estimated misﬁt strains of 5%e6% at the Zr/ZrH interface are large enough to promote the plastic deformation of the Zr matrix by nucleation and propagation of dislocations, in agreement with microscopy observations. The results reported in this paper, as well as other recent MD studies [29,30], shed new light on the onset of plasticity in zirconium. This is essential in order to lay the foundations of the full understanding of the material behavior during hydride precipitations. Nevertheless, one has to keep in mind that in this work a free Zr surface is considered for representing the unknown Zr/ZrH interface. The possibility that a more realistic model could modify the plasticity mechanisms reported in this work can not be completely ruled out. Upcoming efforts should then concentrate on a better description of the Zr/ZrH interface. Further investigations are planned in this direction.



W. Szewc et al. / Acta Materialia 114 (2016) 126e135



Acknowledgements This work was supported by the ANR SIZHYP project, grant ANR12-BS09-0029 of the French Agence Nationale de la Recherche. Calculations have been performed using HPC resources from GENCI-CINES (Grant 2015-096847) and from SPIN. References [1] D.O. Northwood, The development and applications of zirconium alloys, Mater. Des. 6 (2) (1985) 58e70, http://dx.doi.org/10.1016/0261-3069(85) 90165-7. [2] M. Blackmur, J. Robson, M. Preuss, O. Zanellato, R. Cernik, S.-Q. Shi, F. Ribeiro, J. Andrieux, Zirconium hydride precipitation kinetics in zircaloy-4 observed with synchrotron X-ray diffraction, J. Nucl. Mater. 464 (2015) 160e169, http:// dx.doi.org/10.1016/j.jnucmat.2015.04.025. [3] E.J. Rapperport, Deformation processes in zirconium, Acta Metall. 3 (2) (1955) 208, http://dx.doi.org/10.1016/0001-6160(55)90100-0. [4] Sokurskii, Deformation systems in alpha zirconium, Soviet J. Atomic Energy 4 (1958) 579e582, http://dx.doi.org/10.1007/BF01497933. [5] E. Tenckhoff, Deformation Mechanisms Texture & Anistropy in Zirconium & Zircaloy 966, American Society for Testing & Materials, 1988. [6] J. Bailey, Electron microscope observations on the precipitation of zirconium hydride in zirconium, Acta Metall. 11 (1963) 267e280, http://dx.doi.org/ 10.1016/0001-6160(63)90182-2 (April). [7] J. Bair, M. Asle Zaeem, M. Tonks, A review on hydride precipitation in zirconium alloys, J. Nucl. Mater. 466 (2015) 12e20, http://dx.doi.org/10.1016/ j.jnucmat.2015.07.014. [8] D. Caillard, J.L. Martin, Thermally Activated Mechanisms in Crystal Plasticity, Pergamon, Amsterdam, 2003. http://www.sciencedirect.com/science/ bookseries/14701804/8. [9] R.J. McCabe, G. Proust, E.K. Cerreta, A. Misra, Quantitative analysis of deformation twinning in zirconium, Int. J. Plast. 25 (3) (2009) 454e472, http:// dx.doi.org/10.1016/j.ijplas.2008.03.010. [10] E. Rapperport, Room temperature deformation processes in zirconium, Acta Metall. 7 (1959) 254e260, http://dx.doi.org/10.1016/0001-6160(59)90018-5. [11] E. Clouet, D. Caillard, N. Chaari, F. Onimus, D. Rodney, Dislocation locking versus easy glide in titanium and zirconium, Nat. Mater. 14 (9) (2015) 931e936, http://dx.doi.org/10.1038/nmat4340. [12] J. Dickson, G. Craig, Room-temperature basal slip in zirconium, J. Nucl. Mater. 40 (1971) 346e348, http://dx.doi.org/10.1016/0022-3115(71)90103-6. [13] A. Akhtar, A. Teghtsoonian, Plastic deformation of zirconium single crystals, Acta Metall. 19 (7) (1971) 655e663, http://dx.doi.org/10.1016/0001-6160(71) 90019-8. [14] A. Akhtar, Basal slip in zirconium, Acta Metall. 21 (1) (1973) 1e11, http:// dx.doi.org/10.1016/0001-6160(73)90213-7. [15] M. Knezevic, I.J. Beyerlein, T. Nizolek, N. a. Mara, T.M. Pollock, Anomalous basal slip activity in zirconium under high-strain deformation, Mater. Res. Lett. 1 (3) (2013) 133e140, http://dx.doi.org/10.1080/21663831.2013.794375. [16] D.H. Baldwin, R.E. Reedhill, Some effects of oxygen on tensile deformation of polycrystalline zirconium, Trans. AIME 242 (1968) 661. , Microstructural charac[17] M. Rautenberg, X. Feaugas, D. Poquillon, J.-M. Cloue terization of creep anisotropy at 673K in the M5 alloy, Acta Mater. 60 (10) (2012) 4319e4327, http://dx.doi.org/10.1016/j.actamat.2012.04.001. [18] A. Akhtar, Compression of zirconium single crystals parallel to the c-axis, J. Nucl. Mater. 47 (1973) 79e86, http://dx.doi.org/10.1016/0022-3115(73) 90189-X. [19] H. Numakura, Y. Minonishi, M. Koiwa, 〈1123〉 f1011g slip in zirconium, Philos. Mag. A 63 (5) (1991) 1077e1084, http://dx.doi.org/10.1080/ 01418619108213938. [20] G. Carpenter, J. Watters, R. Gilbert, Dislocations generated by zirconium hydride precipitates in zirconium and some of its alloys, J. Nucl. Mater. 48 (3) (1973) 267e276, http://dx.doi.org/10.1016/0022-3115(73)90023-8. [21] G. Carpenter, The dilatational misﬁt of zirconium hydrides precipitated in zirconium, J. Nucl. Mater. 48 (3) (1973) 264e266, http://dx.doi.org/10.1016/ 0022-3115(73)90022-6. [22] M.-A. Louchez, R. Besson, L. Thuinet, A. Legris, Private Communication, 2015. [23] Y. Shinohara, H. Abe, T. Iwai, N. Sekimura, T. Kido, H. Yamamoto, T. Taguchi, TEM observation of growth process of zirconium hydride in zircaloy-4 during hydrogen ion implantation, J. Nucl. Sci. Technol. 46 (6) (2009) 564e571, http://dx.doi.org/10.1080/18811248.2007.9711563.



135



[24] G. Carpenter, The precipitation of g-zirconium hydride in zirconium, Acta Metall. 26 (8) (1978) 1225e1235, http://dx.doi.org/10.1016/0001-6160(78) 90006-8. [25] M.I. Mendelev, G.J. Ackland, Development of an interatomic potential for the simulation of phase transformations in zirconium, Philos. Mag. Lett. 87 (5) (2007) 349e359, http://dx.doi.org/10.1080/09500830701191393. [26] H. Khater, D. Bacon, Dislocation core structure and dynamics in two atomic models of a-zirconium, Acta Mater. 58 (8) (2010) 2978e2987, http:// dx.doi.org/10.1016/j.actamat.2010.01.028. [27] V. Vitek, Structure of dislocation cores in metallic materials and its impact on their plastic behaviour, Prog. Mater. Sci. 36 (7) (1992) 1e27, http://dx.doi.org/ 10.1016/0079-6425(92)90003-P. [28] T. Liang, T.-R. Shan, Y.-T. Cheng, B.D. Devine, M. Noordhoek, Y. Li, Z. Lu, S.R. Phillpot, S.B. Sinnott, Classical atomistic simulations of surfaces and heterogeneous interfaces with the charge-optimized many body (COMB) potentials, Mater. Sci. Eng. R Rep. 74 (9) (2013) 255e279, http://dx.doi.org/ 10.1016/j.mser.2013.07.001. [29] Z. Lu, M.J. Noordhoek, A. Chernatynskiy, S.B. Sinnott, S.R. Phillpot, Deformation processes in polycrystalline zr by molecular dynamics simulations, J. Nucl. Mater. 462 (2015) 147e159. [30] Z. Lu, A. Chernatynskiy, M.J. Noordhoek, S.B. Sinnott, S.R. Phillpot, Nanoindentation of zr by molecular dynamics simulation, J. Nucl. Mater. 467 (2015) 742e757, http://dx.doi.org/10.1016/j.jnucmat.2015.10.042. [31] S. Plimpton, Fast parallel algorithms for short-range molecular dynamics, J. Comput. Phys. 117 (1) (1995) 1e19. [32] A. Stukowski, Structure identiﬁcation methods for atomistic simulations of crystalline materials, Model. Simul. Mater. Sci. Eng. 20 (4) (2012) 45021, http://dx.doi.org/10.1088/0965-0393/20/4/045021 arXiv:1202.5005. [33] H. Numakura, Y. Minonishi, M. Koiwa, Atomistic study of 1=3〈1123〉f1011g dislocations in h.c.p. crystals. i. structure of the dislocation cores, Philos. Mag. A 62 (1990) 525e543, http://dx.doi.org/10.1080/01418619008244917. [34] B. Li, E. Ma, Pyramidal slip in magnesium: dislocations and stacking fault on the 1011 plane, Philos. Mag. 89 (14) (2009) 1223e1235, http://dx.doi.org/ 10.1080/14786430902936707. [35] Y. Tang, J.A. El-Awady, Formation and slip of pyramidal dislocations in hexagonal close-packed magnesium single crystals, Acta Mater. 71 (2014) 319e332, http://dx.doi.org/10.1016/j.actamat.2014.03.022. [36] J.P. Hirth, J. Lothe, Theory of Dislocations, Wiley, New York, 1982. , Stress concentration near a surface step [37] S. Brochard, P. Beauchamp, J. Grilhe and shear localization, Phys. Rev. B 61 (13) (2000) 8707. [38] J. Godet, S. Brochard, L. Pizzagalli, P. Beauchamp, J.M. Soler, Dislocation formation from a surface step in semiconductors: an ab initio study, Phys. Rev. B 73 (2006) 092105. [39] P. Hirel, J. Godet, S. Brochard, L. Pizzagalli, P. Beauchamp, Determination of activation parameters for dislocation formation from a surface in fcc metals by atomistic simulations, Phys. Rev. B 78 (2008) 064109. [40] E. Clouet, Screw dislocation in zirconium: an ab initio study, Phys. Rev. B 86 (14) (2012) 1e11, http://dx.doi.org/10.1103/PhysRevB.86.144104. [41] N. Chaari, E. Clouet, D. Rodney, First order pyramidal slip of 1/3 〈1210〉 screw dislocations in zirconium, Metall. Mater. Trans. A 45 (13) (2014) 5898e5905, http://dx.doi.org/10.1007/s11661-014-2568-7. [42] A. Poty, J.-M. Raulot, H. Xu, J. Bai, C. Schuman, J.-S. Lecomte, M.-J. Philippe, C. Esling, Classiﬁcation of the critical resolved shear stress in the hexagonalclose-packed materials by atomic simulation: application to a-zirconium and a-titanium, J. Appl. Phys. 110 (1) (2011) 014905, http://dx.doi.org/ 10.1063/1.3599870. [43] I.P. Jones, W.B. Hutchinson, Stress-state dependence of slip in titanium-6Al-4V and other h.c.p. metals, Acta Metall. 29 (1981) 951e968, http://dx.doi.org/ 10.1016/0001-6160(81)90049-3. [44] T. Nogaret, W. Curtin, J. Yasi, L. Hector, D. Trinkle, Atomistic study of edge and screw 〈cþa〉 dislocations in magnesium, Acta Mater. 58 (13) (2010) 4332e4343, http://dx.doi.org/10.1016/j.actamat.2010.04.022. http:// linkinghub.elsevier.com/retrieve/pii/S1359645410002387. [45] N. Chaari, E. Clouet, D. Rodney, First-principles study of secondary slip in zirconium, Phys. Rev. Lett. 112 (7) (2014) 075504, http://dx.doi.org/10.1103/ PhysRevLett.112.075504. http://link.aps.org/doi/10.1103/PhysRevLett.112. 075504. [46] T. Zhu, J. Li, A. Samanta, A. Leach, K. Gall, Temperature and strain-rate dependence of surface dislocation nucleation, Phys. Rev. Lett. 100 (2008) 025502. [47] S. Brochard, P. Hirel, J. Godet, L. Pizzagalli, Elastic limit for surface step dislocation nucleation in face-centered cubic metals: temperature and step height dependence, Acta Mater. 58 (2010) 4182.



























des documents recommandant













Hydrogen and vacancy clustering in zirconium - Emmanuel Clouet 

Table 1. Properties of the H2 molecule (equilibrium distance dH2 , vibration frequency nH2 and ..... is not accessible directly, as a periodic simulation box.










 








Dislocation interaction in zirconium from first ... - Emmanuel Clouet 

May 5, 2017 - This process is studied here .... (Table 2). This is in agreement with oxygen being an a-stabilizer .... For post-processing, the neighbourhood of an atom is ..... condensate to form superjogs on the screw dislocations, but that O .... 










 








Vacancy clustering in zirconium: An atomic-scale ... - Emmanuel Clouet 

tials, either long-range pair potential [12] or embedded atom method (EAM) [13â€“15]. .... [23], PAS [24,25], or transmission electron microscopy characterization of ...










 








Complex precipitation pathways in ... - Emmanuel Clouet 

May 21, 2006 - to characterize the precipitation process on a larger scale, and thus to obtain .... associated with an elastic or a thermodynamic stabilization of the interface as .... to condensate their solute atoms on bigger precipitates, and the.










 








1 Onset of Plasticity in Crystalline Nanomaterials - Laurent Pizzagalli 

Usually, the elastic limit and the yield strength correspond to the deviation ... can be obtained from several theoretical approaches, which do not suffer from the.










 








Annealing of Dislocation Loops in Dislocation ... - Emmanuel Clouet 

dislocation loops coarsening by vacancy bulk diffusion. The calculation ... [1, 2, 3]). Thus, DD simulations are used to study phenomena as strain hardening [4, 5] ...










 








Influence of cluster mobility on Cu precipitation in ... - Emmanuel Clouet 

Mar 5, 2010 - greatly simplify the use of mesoscopic simulation approaches such as cluster ... ter gas model: clusters can capture and emit monomers that diffuse in the pure solvent. ..... used a very simple law (Fig. 3) that reproduces the ...










 








Precipitation kinetics of Al3Zr and Al3Sc in ... - Emmanuel Clouet 

Mar 17, 2005 - Keywords: Precipitation; Kinetics; Aluminum alloys; Cluster dynamics. 1. Introduction. Transition ..... worth trying to describe kinetic effects arising from interactions between ..... Metall Trans A 1992;23:1947â€“55. [5] Marquis EA .










 








Dislocation dynamics simulations with climb - Emmanuel Clouet 

Dislocation climb mobilities, assuming vacancy bulk diffusion, are derived ..... the bulk, is shown in Figures 2, 3, and 4, respectively. Kirchner [33] and Burton and ...










 








âˆ‘ â†’ - Emmanuel Clouet 

Kinetic Monte Carlo methods. .... volume of solute atoms is the same as the solvent atom one, (no size effect ... by cluster dynamics and by Kinetic Monte Carlo. ..... Trans. Roy. Soc. London 302 (1981) 87. [11] Hardouin Duparc A., Moingeon C., ...










 








Philosophical Magazine - Emmanuel Clouet 

Feb 1, 2008 - Introducing dislocation climb by bulk diffusion in discrete .... In section 2 we outline the climb model which is incorporated in the DDD, ...










 








Modeling of Nucleation Processes - Emmanuel Clouet 

gas. The key parameters are the cluster conden- sation and evaporation rates. ..... 300 C. The time evolution obtained from cluster dynamics simulations (Ref 25) allows the definition of a ..... rate, b*, simply obeys an Arrhenius law, one.










 








Atomic simulations of diffusional phase ... - Emmanuel Clouet 

Aug 17, 2010 - copper precipitation in RPV steels and model alloys, both during thermal ... AKMC simulations also show that the atomic diffusion mechanism ... Nevertheless, even in that case the coupling between fluxes of vacancies,.










 








Dislocation core field. II. Screw dislocation in iron - Emmanuel Clouet 

Dec 15, 2011 - Page 1 ... Ab initio calculations have revealed that a ã€ˆ111ã€‰ screw dislocation in Î±-iron .... Knowing this second-rank tensor Mij , one can not only ...










 








Dislocation core field. I. Modeling in anisotropic ... - Emmanuel Clouet 

Dec 19, 2011 - Page 1 ... field in the calculation of the elastic energy of dislocations or ..... where we have defined the second-rank tensors. K0 ij = 6. âˆ‘ Î±=1. Â±.










 








Solubility in Zr-Nb alloys from first-principles - Emmanuel Clouet 

Oct 21, 2017 - Solution energy. Solution energies are obtained using single impurity calcula- tions as well as special quasi-random structures (SQS). In single.










 








Dislocation locking versus easy glide in titanium ... - Emmanuel Clouet 

Jul 6, 2015 - Dislocation locking versus easy glide in titanium and zirconium ..... Biget, M. P. & Saada, G. Low-temperature plasticity of high-purity Î±-titanium.










 








Defects modeling in solid-state physics: coupling ... - Emmanuel Clouet 

Jun 22, 2016 - â†’pure shear stress but pure tensile stress in the ... L. Landau & E. Lifchitz, Theory of elasticity, Course of theoretical physics, vol. 7 (1967).










 








Dissociated dislocations in confined plasticity 

Sep 20, 2007 - local curvature R of a dislocation is inversely proportional to the local force F ... segments, but includes the variation of the line tension along the whole .... image dislocations parallel to the channel as described in. Ref. [23] f










 








Saccadic System Plasticity in Humans 

refixations were recorded between 0 and 10 degrees left, first with the right, ... The ap- paratus was then calibrated for each eye individually. The same sequence of ..... Optican LM, Robinson DA: Plastic adaptations of saccadic dysmetria, in ...










 








in the - Emmanuel Virot 

The starches instantly cool off and form what the scientists call â€œlegs.â€� These are the soft parts you eat. When one leg quickly pushes off against the surface of the.










 








Irradiance-induced plasticity in the hydraulic properties of saplings of 

Irradiance-induced plasticity in the hydraulic properties of saplings of different temperate broad-leaved forest tree species. TÃŠTÃˆ S. BARIGAH,. 1â€“3. THARWAT ...










 








The electric charge and climb of edge dislocations ... - Emmanuel Clouet 

were formulated early in the development of the theory of dislo- cations [1e4], actual ..... where m is the shear modulus of the material, n its Poisson ratio, Îµ its.










 








First-Principles Study of Secondary Slip in Zirconium 

Feb 20, 2014 - {0001} planes [12,15] (see Fig. 1 for a graphical descrip- tion of these planes). These secondary-slip processes do not correspond to cross slip ...










 














×
Report Onset of plasticity in zirconium in relation with ... - Emmanuel Clouet





Your name




Email




Reason
-Select Reason-
Pornographic
Defamatory
Illegal/Unlawful
Spam
Other Terms Of Service Violation
File a copyright complaint





Description















Close
Save changes















×
Signe






Email




Mot de passe







 Se souvenir de moi

Vous avez oublié votre mot de passe?




Signe




 Connexion avec Facebook












 

Information

	A propos de nous
	Règles de confidentialité
	TERMES ET CONDITIONS
	AIDE
	DROIT D'AUTEUR
	CONTACT
	Cookie Policy





Droit d'auteur © 2024 P.PDFHALL.COM. Tous droits réservés.








MON COMPTE



	
Ajouter le document

	
de gestion des documents

	
Ajouter le document

	
Signe









BULLETIN



















Follow us

	

Facebook


	

Twitter



















Our partners will collect data and use cookies for ad personalization and measurement. Learn how we and our ad partner Google, collect and use data. Agree & Close



