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FRACTURE Introduction Fracture is deﬁned as stress-biased material disintegration through the formation of new surfaces within a body. Fracture starts out as a localized event that eventually encompasses the whole object (Fig. 1). Fracture is synonymous with rupture and breakage but not with failure. The latter term is more general and also encompasses nonmechanical breakdown through heat (thermal failure) or environmental degradation (chemical attack, irradiation). For fracture to occur, it is generally necessary that a specimen be subjected to mechanical loads and that the resulting, initially homogeneous (viscoelastic) material deformation—which eventually would lead to creep and ductile failure— becomes heterogeneous and initiates material separation. The most likely sites for material separation are structural irregularities, growing material defects, or preexisting cracks. In a polymeric material, such sites are for instance given by inclusions of particles or voids, craze-like features, or cracks. Crazes and subsequently cracks extend as the material between voids and adjacent to a crack tip deforms and/or disintegrates. Depending on the nature and the extent of such deformation, breakdown occurs in quite different modes of failure: as brittle fracture by rapid crack propagation (Fig. 1), crazing, or slow crack growth, or by ductile failure (Fig. 2). The mode of failure (of a cracked specimen) is not an inherent property of a given material in a given environment. It also depends on the loading rate and especially on the local state of stress, which is strongly inﬂuenced by the conﬁguration of the crack itself. For this reason a mechanical analysis of a cracked, stressed body is presented ﬁrst, which is based on linear and nonlinear elastic fracture mechanics. Encyclopedia of Polymer Science and Technology. Copyright John Wiley & Sons, Inc. All rights reserved.
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Fig. 1. Brittle fracture of a polyethylene pipe subjected to a burst test at 500 kPa (5 bar). From Ref. 1.



Fig. 2. Ductile failure of an internally pressurized polyethylene pipe.



Linear Elastic Fracture Mechanics Fracture mechanics concepts describe the behavior of cracks or other defects when a body is loaded. A crack constitutes a discontinuity within a body. At the boundary of the discontinuity, very high local stresses and strains are usually observed, and in the limit of a sharp crack in an elastic body, these may theoretically be inﬁnite or singular. Linear elastic fracture mechanics (LEFM) describes the conditions under which a crack grows or propagates, creating new surface area. LEFM assumes a globally linear elastic deformation with energy absorption conﬁned to a very local region at the crack tip. The theory has been extended to plastically deforming materials, which undergo rate-independent, irreversible deformation. Neither of these assumptions is strictly true for polymers, since all exhibit a more
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or less viscoelastic and time-dependent behavior. However, much of the behavior observed in the fracture of polymers can be described in terms of LEFM. There are two approaches to describing the condition of fracture. In the ﬁrst, the balance of energy is discussed; energy is released from the elastically deformed specimen if the length of a crack increases, and at the same time energy is absorbed by the creation of the new crack surface area. In the second approach, the local stress ﬁeld around the crack tip is considered and its intensity at fracture is characterized by some parameter, the fracture toughness. Fracture mechanics is a macro theory, being concerned with the overall behavior of a body. The particular material behavior is considered only in connection with fracture criteria or with the nature of the deformation processes involved. Much of the theory is thus not material speciﬁc and applies equally to all materials. When dealing with ductile polymer fracture, plasticity modiﬁcations are of value. It is possible to modify the analysis to encompass time effects; this is particularly necessary for the two extreme phenomena such as slow crack growth and dynamic or impact fracture. References 2–4–5 cover these topics in much more detail and provide an extensive bibliography. Resistance or R Curve. It is a useful approach to deﬁne the toughness of a material in terms of its resistance or R curve, as shown in Figure 3. Here R is the energy per unit area necessary to produce the new fracture surface S. For a crack of length a0 and in a plate of uniform thickness B, the incremental increase in surface area S may be expressed in terms of the crack growth a. Any virgin material will ﬁrst resist to crack-growth initiation by crack tip deformation; the development of this process zone is associated with a certain resistance R = Rc . Subsequent growth in many polymers may be described, as shown in line A, with R increasing as the crack extends. (As will be shown below, this is usually ascribed to an increase of the local plastic ﬂow in a zone of size ry around the crack tip). If however the extent of this zone, which represents the energy absorption, remains the same, R remains constant as shown in line B. This is so for the more brittle fractures, where the energy absorption is very local and the zone is small and very much less than a0 . For tougher materials, an increasing ry is more likely. The plastic zone size ry is a very important parameter, since it provides a length factor which controls the various size effects.
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Fig. 3. The resistance or R curve. See text for signiﬁcance of curves A and B.
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Fig. 4. Energy release during crack extension in an elastic plate shown by the shaded area.



Energy-Release Rate. As ﬁrst formulated by Grifﬁth (6), the driving force for fracture comes from the energy which is released by the growth of the crack. Such growth violates the continuity within the body and results in the ﬁnal energy state being lower than the initial; the difference is released and available to overcome the crack resistance R. This is shown in Figure 4 for a linearly elastic body, in which crack growth initiates at A. The growing crack reduces the stiffness of the sample, which results in a reduction in load P and an increase in deformation (to the point A ). The initial stored energy corresponds to the area 0AF and that after crack growth to 0A F  . During crack extension, external work has been furnished, which is given by AA F  F. The energy dU which is released by the system corresponds to the shaded area 0AA and is given by dU = 1/2(Pdu − udP)



(1)



where u is the deformation in the direction of applied load. The rate of energy release dU/Bda is given the symbol G and expressed by   du dP 1 dU 1 = P −u G= B da 2 da da



(2)



where a is the crack length. Introducing the compliance C of the body which is a function of crack length u P



(3)



u2 1 dC U 1 dC P2 dC = = 2B da 2B C 2 da B C da



(4)



C= we obtain G=



Thus, G can be determined from the load and the deﬂection at crack extension, provided the compliance C(a) is known. For any load, lines of G vs a can be plotted for a cracked body, as shown in Figure 5, together with an (arbitrary) R
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Fig. 5. Energy-release rate G and material resistance R for various loads levels.



curve. For the load of line A, there is no growth when G intersects R, but for line B there is. However, just after initiation R > G, which prevents immediate and unstable crack growth. The crack would grow, of course, if the load were increased. Cracks in a time-dependent material can also grow, in a stable manner, by plastic deformation at loads smaller than the breaking stress (see further below). Crack growth will be stable if G=



dU 1 dG 1 d2 U dR = R and = 2 < Bda B da B da2 Bda



(5)



For the tangency condition C there is a small region of stable growth (up to the tangency point), followed by instability. For a constant R(a) = Rc , there is no growth until G = Rc , and the initiation is immediately followed by unstable growth. G at initiation is usually written as Gc (=Rc ). An important example of fracture mechanics concerns the stability of a crack of length 2a in an inﬁnitely wide sheet loaded with a constant stress σ , as shown in Figure 6.
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Fig. 6. The inﬁnite sheet.
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Fig. 7. The double-cantilever beam (DCB).



The energy-release rate G for the above geometry has been derived (6,7) as G=



π σ 2a E



(6)



where E is the Young’s modulus. In a perfectly brittle material undergoing no plastic work, we have at fracture Gc = 2γ = π σ 2 a/E, where γ is the true surface work of the solid. Thus, the basic relationship of fracture mechanics is that σ 2 a ≈ constant at fracture. In this case dR/da = 0 and dG/da > 0, and the fracture is always unstable. However, this does not hold for a cracked specimen at ﬁxed displacement. Another important specimen geometry is the double-cantilever beam (DCB) shown in Figure 7. From beam theory, C=



8a3 EBD3



(7)



where B is specimen thickness and D specimen width. In practice, C ∝ an, n < 3, because of rotation at the beam ends, and this empirical result is frequently used in practice. Using equations (4) and (7) we have G=



12P2 a2 3 ED3 u2 = 2 3 16 a4 EB D



(8)



Again, G = Gc = 2γ at fracture giving load-crack length and displacementcrack length relationships at fracture, and also dR/da = 0. Fixed load gives dG/da > 0 as before, resulting in unstable growth, but for constant displacement, dG/da < 0 and stable growth occurs. In principle, any body can be characterized by ﬁnding C(a) by measurement or computation. Thus, by detecting crack-growth initiation, the G value at fracture, termed Gc , can be found. Subsequent stability can be described in terms of dG/da and dR/da. Some more general aspects to the analysis are also important and, in particular, the fact that G may be described for any elastic body, not necessarily linear, as  G=



s



Wdy displacement constant



(9)



where W is the strain–energy–density function, y the coordinate normal to the crack direction, and s some closed contour taken around the crack tip. This form
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Fig. 8. The parallel strip.



is particularly useful for the analysis of nonlinear elastic systems as encountered in rubber elasticity (8). An example is a very wide parallel strip (Fig. 8) where a contour may be taken, as indicated by the broken line. The horizontal portions give no contribution since dy = 0, and if the vertical lines are remote from the crack tip, the part behind it has no stored energy, whereas that in front has the energy per unit volume of the uncracked strip, eg, W 0 . Equation (9) then gives G = W0 D



(10)



The result is obvious, since a strip of width dx has an initial stored energy of W 0 BD dx. After fracture, this is reduced to zero by the creation of area B dx, giving the above results. Of course, W 0 may be found for any type of elastic behavior simply by loading the strip initially. This result is also true in this case even when the crack speed is high and there are no kinetic energy effects, since these must all eventually go to zero as in the static case, though it is debatable if kinetic energy is truly reversible in real systems. Stress–Intensity Factor. The stresses around the crack tip, as shown in Figure 9, may be expressed in the form of a series: K f (θ) σ=√ + A(θ) + B(θ )r 1/2 + · · · 2πr



(11)



where f , A, B, etc, are functions of the angle θ , and r is the distance from the crack tip. As the crack tip is approached (r → 0), all terms other than the ﬁrst two tend to zero and the ﬁrst term is dominant; A(θ ) represents nonsingular stresses which can have effects, but, in general, the ﬁrst singular term, which tends to ∞ as r → 0 dominates. The form of the stress ﬁeld is the same for all remote 



r



r



r 







Fig. 9. Local stresses around a crack tip.
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Fig. 10. Modes of loading.



loading states and is determined by f (θ). The magnitude of the local stresses is conveniently expressed by K, the stress–intensity factor, which is a function of the remote loading σ . K is deﬁned as √ K = σ 2πr



as



r→0



at



θ =0



(12)



If a characterizing parameter in the local region of the crack tip is sought, clearly σ (or √ strain) is not useful since it tends to inﬁnity as r → 0. However, the product σ r is ﬁnite in the local zone and for this reason K (and not σ ) is taken as the local parameter characterizing the mechanical effort to which a cracked specimen is subjected. If stress intensity is the decisive parameter, fracture should occur once K attains a critical value K c ; K c is termed fracture toughness. It is convenient to express the loading on a crack in terms of three orthogonal components (Fig. 10), which may be super-imposed to give any loading state: Mode I, the opening mode; Mode II, the shear mode; and Mode III, the out-of-plane shear mode. An applied loading may give rise to a mixture of all three modes, which can be expressed in terms of K I , K II , and K III . Mode I is the most severe and thus generally the most important; in the presence of a combination of loading modes this often results in local mode-I fracture. For the most frequently observed modes I and II, the local stress ﬁelds may be written as (2) θ KII 3 θ KI 1 cos (1 + cosθ) − √ sin (1 + cosθ ) σθ = √ 2 2 2 2 2πr 2πr



(13)



θ KII 1 θ KI 1 σr = √ cos (3 − cosθ) − √ sin (1 − 3cosθ ) 2 2 2πr 2 2πr 2



(14)



θ KII 1 θ KI 1 σrθ = √ sin (1 + cosθ ) − √ cos (1 − 3cosθ) 2 2 2πr 2 2πr 2



(15)
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atθ = 0



(16)



√ KII = σrθ 2πr



atθ = 0



(17)



In mode-I loading of a brittle material, fracture occurs when K I attains a critical value K Ic . In combined-loading modes, crack propagation is not colinear and some complications result. If in a state involving modes I and II fracture occurs by crack opening, then the crack will propagate under an angle θ c (2). This angle is obtained from equation (13): θc θc 1 3 KIc = KI cos (1 + cosθc ) − KII sin (1 + cosθc ) 2 2 2 2



(18)



and an additional condition that dσθ =0 dθ



which is equivalent to σrθ = 0



(19)



giving θc θc 1 1 0 = KI sin (1 + cosθc ) − KII cos (1 − 3cosθc ) 2 2 2 2



(20)



In pure mode I (K II = 0), θ c is zero as expected, whereas in pure mode II (K I = 0), θ c = cos − 1 1/3 = ±70.3◦ . Relation between G and K . The local singular stress ﬁeld is described by K I and it is from this discontinuity that the energy is released by way of G. It is to be expected, therefore, that G and K I would be related and this can be demonstrated by deriving G around a local contour (2): KI2 = EG



(21)



The π factor in equation (11) is introduced in the deﬁnition of K I to remove any numerical constant in equation (21). There is no similar result for mode II alone or for mixed modes, since the propagation is not colinear (θ c = 0) and the above result would not be valid. Returning to the case of the inﬁnite plate, KI2 = EG = π σ 2 a



(22)



If σ is measured at fracture for a given a, K Ic is obtained and the fracture toughness is characterized without the need to know E, which is involved when G is used. This is of considerable beneﬁt in the polymer ﬁeld, where E is timedependent and often uncertain. K Ic may also be deﬁned for specimens having a noninﬁnite geometry by means of a more general form of equation (21 ): KI2 = Y2 (a/W)σ 2 a



(23)
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Fig. 11. Crack-initiation data. Single-edge notch bend data for polyacetal at temperatures of 20 to −60◦ C. The symbols represent the following temperatures: , 20◦ C; , 0◦ C; , −20◦ C; , −40◦ C; ◦, −60◦ C.



where Y 2 (a/W) is a calibration function [to account for the noninﬁnite sample geometry, it is available for most practical cases (9,10)]. For the inﬁnite plate Y 2 is π , all other cases tend to this result for a/W → 0. For a linearly elastic material it is assumed that relation 22 is valid up to fracture; a plot of σ 2 Y 2 vs 1/a should result in a straight line passing through the origin, the slope of which is equal to K Ic 2 . Figure 11 demonstrates that in the temperature range of −60◦ C < T < 20◦ C polyacetal behaves in a linear elastic manner. Nonlinearity in the σ 2 Y 2 vs a − 1 graph occurs because of local plasticity and/or damage formation in the crack tip zone. For the important compact tension geometry (Fig. 12c), K I is generally expressed in terms of the applied load P: KI =



a



P √ Y(a/W) B W



W



a



a



W



L



(a)



(b)



(24)



B



(c)



Fig. 12. Testing geometries: (a) single-edge notch tension (SENT), (b) single-edge notch three-point bending (SENB), and (c) compact tension (CT).
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Of course, the correction function Y is another way of expressing the compliance calibrations given in equation (4); for a three-point bend test (Fig. 12b), for example, is dC 9 L2 = Y2 a da 2 BW 4 E



(25)



where L is the length of the beam. An important alternative form is the energy version of the general equation (4): G=



U BWφ



(26)



in which the calibration factor is expressed by φ=



 2 Y xdx L 1 C = + dC/d(a/W) 18W Y2 x Y2 x



(27)



where x = a/W. Values of φ are available for bending (2), and Gc may be found by measuring the energy to crack initiation and via equation (25). In any test, the three parameters at fracture (a, Gc , K c ) can be measured and various combinations of E and G determined. Thus, from the load P = u/C in a bending experiment, the displacement G/E is obtained by G u2 W 2 1 = E 9L2 a (φY)2



(28)



G/E = (π/4)ρ, where ρ is the elastic tip radius of the crack under load. If all three of the above parameters are used, consistency can be checked, and in addition, E is found.



Fracture Mechanics Admitting Conﬁned Plasticity and Viscoelasticity Irwin Model of Plasticity and Size Effects. The elastic analysis predicts inﬁnite stresses at the crack tip, but local yielding prevents this from happening. Irwin has modeled this situation by a small, local yielding zone surrounded by a larger, outer elastic zone (Fig. 13). For a state of plane stress (σ z = 0) as in thin plates or at the surface of thick plates, the radius of the plastic zone ry can be derived from equation (20) to be approximately 1 ry ≈ 2π







KIc σy



2 (planestress)



(29)



The elastic stresses in the outer zone can be calculated from the Irwin model by assigning a ﬁctitious length a + ry to the crack.
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Elastic field Plastic zone



ry



Fig. 13. Irwin model: Small plastic zone surrounded by an elastic ﬁeld.



In the center of thick plates a state of plane strain is approached in which the contraction in the z direction is constrained (ez = 0) and σ z = ν(σ r + σ θ ). Because of these constraints the plastic zone radius is much smaller: 



ry ≈



1 2π







KIc σy



2 (1 − 2ν)2 (planestrain)



(30)



Within the plastic zone, ν →1/2 and so the stress state tends to be equitriaxial tension σ r = σ θ = σ z , the most severe in fracture terms. In testing it is desirable to employ the most severe conditions to explore the worst case. To achieve this, the specimen dimensions (B, W) must be considerably greater than the plastic zone. This is deﬁned by the ASTM size criterion (11) for bend testing which requires a minimum thickness:   KIc 2 Bˆ > 2.5 σy



(31)



approximately equivalent to Bˆ > 16ry . If B < Bˆ the stress state tends to be plane stress and the measured toughness values are unrealistically high. Line Zone or Dugdale Model. In many polymers, crazes form at stress concentrations such as crack tips (12). A craze is a planar structure, which can be realistically modeled by a line zone, as shown in Figure 14. Here, microyielding at the craze boundaries is modeled by a line of elastic tractions as in the Dugdale model. There is mechanical equilibrium if the zone length is ry =



π 8







KIc σy



2 (32)



c



ry



Fig. 14. The line zone model well represents single crazes.
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Another useful parameter arises, since the displacement at the crack tip δ c (in a state of plane stress) is predicted by this model as



δc =



2 KIc Gc = Eσy σy



(33)



The critical crack tip opening displacement δ c (CTOD) can be used as a fracture criterion. A constant δ c is equivalent to constant K Ic and Gc as used in LEFM. If δ c remains constant outside the LEFM range, it can be used to make predictions for viscoelastic and large-scale plasticity behavior. Viscoelastic Effects. In all the above analyses, fracture mechanics parameters were considered to be independent of time; consequently Gc (or K Ic ) would have to be independent of loading rate or crack speed. However, most polymers show some degree of viscoelasticity, which can have an important inﬂuence on fracture behavior. This is particularly pronounced in cross-linked elastomers. The time-dependent fracture of polymers has been reviewed repeatedly (13–15). Without going into details the pioneering work in the sixties and seventies of ¨ Williams, Barenblatt, Knauss and Muller, Retting, Williams and Marshall, and Schapery should be mentioned. These authors have extended Grifﬁth’s work to linearly viscoelastic materials. They pointed out that the work of fracture in poly. mers depends on the load history, that is on the rate of crack growth a, and that viscoelastic creep crack growth can be described by replacing the elastic by viscoelastic moduli. In simplifying, it can be said that the time dependence of crack growth in polymers has three different origins: ﬁrstly, it is inﬂuenced by the viscoelastic behavior of the far ﬁeld stresses (the energy necessary to drive the crack is released as a function of time rather than instantaneously). Secondly, there are viscous losses because of the (steady) extension of the process zone through plastic ﬂow and/or the formation and growth of ﬁbrils. Thirdly, cracks grow, occasionally in a discontinuous manner, because of the weakening and rupture of the material in the process zone through disentanglement, chain scission, and formation and coalescence of voids (see section on Fracture Phenomena for a discussion of these mechanisms). It is generally a reasonable assumption that yield strain ey and ultimate strain or crack opening displacement δ c are relatively constant with loading rate (2,13–17), whereas the elastic modulus follows a power law in time: σy = ey E



and



  t −n E = E0 t0 −



(34)



where ey , E0 , t0 , and n are constants. If a constant δ c criterion in the line zone model is assumed and if the time scale is related to the inverse of crack speed, a . relation between a and K is obtained, which has been veriﬁed experimentally for many thermoplastic and thermosetting polymers (16–20): . a = A(KI )1/n



(35)
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. Fig. 15. K c –a curves for polyethylene in distilled water at different temperatures. Slopes = 0.25. The symbols represent the following temperatures: , 19◦ C; , 40◦ C; , 60◦ C; , 75◦ C.



. This form represents a continuous relationship between K and a; in a log–log plot straight lines are obtained as well illustrated by Figure 15 for polyethylene in distilled water at different temperatures. Since it is usually convenient to measure the crack speed in a specimen in which K does not vary with a for a given load or loading rate, the double-torsion and tapered-cantilever beam tests are used (Fig. 16). In the ﬁrst we have K2 =



3(1 + ν) P2l2 2 B2 D3



(36)



where l is the distance from the center of the specimen to the point of load support. For the tapered beam, K2 ≈



45P2 B2 D03



for a tape angle α ≈ 11◦



(37)



Under dead loads (constant P), K values are constant resulting in a ﬁxed crack speed, which can be measured over a certain distance of crack growth; the . K c –a curve is then determined by changing the load. Environmental data are obtained by conducting the test with the specimen immersed in the environment.
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Fig. 16. Crack-growth testing geometries for constant K tests: (a) double tension, (b) tapered cantilever.



Side grooves are often used in these tests to guide the crack, with appropriate modiﬁcations made to the formula for K. Typical data for polyethylene in water are given in Figure 15. . Such data on K c (a) are of particular importance because they provide a method by which long-term failure may be predicted from much shorter-term results. The measured crack-growth rates may be integrated to predict failure times. For example, the time for a ﬂaw of original length a0 to grow to a length much more than a0 is given by 



  5n a0 t = ti 1 + , n 1 1 − n r0



(38)



where r0 = (π /8) (δ c /ey ) is the zone size, and ti is the crack initiation time. For very small ﬂaws, t ∼ ti and very little of the life is spent in crack propagation. Such a result predicts σ ∝ t − n for a constant stress test, ie, the log stress–log rupture . time curve has the reverse slope of the log K–log a crack-growth line (Fig. 15). Such a behavior has been veriﬁed experimentally for a number of thermoplastic and thermosetting polymers (16–20).



Fracture Mechanics of Dissipative Materials Plasticity Effects. In LEFM, it is assumed that the plastic-zone size ry is very small, but because of specimen size limitations it is often difﬁcult to take measurements under conditions where this is true. In any event, a ﬁrst correction can be made by increasing the crack length a by ry to compensate for the modiﬁcation of the elastic stress ﬁeld by the plastic zone. In this case, the computed toughness parameters are termed K eff and Geff . A schematic representation of the determination of the stress intensity factor from a compact tension test is given in Figure 17. In the case of brittle or semibrittle fracture, a straight line is obtained if Pmax is plotted as a function of BW 1/2 Y[(a/W)1/2 ]. For a perfectly elastic material, the line passes through the origin and the slope gives K Ic (eq. (23), Fig. 11). In the case of a plastically deforming material, the line will not pass through the origin. However, by introducing an appropriate effective crack length a + ry into
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Fig. 17. (a) Determination of K Ic for a perfectly elastic material, (b) Effect of introducing an appropriate effective crack length a + ry into the correction function Y n [((a + ry )/W)1/2 ]. rp = 0 mm; rp = 2.22 mm. From Ref. 21.



the correction function Y[((a + ry )/W)1/2 ], the line can be made to pass through the origin. The slope then gives the effective toughness K eff . The appropriate plastic zone size ry can be determined by iteration from equation (23) (21). The ratio between the effective energy-release rate Geff and the linear elastic value Gc is approximated by     J 1 σ 2 −1 = 1− G 2 σy



(39)



where G = πσ 2 a/E. This correction is useful for σ /σ y < 0.8, and it can be seen that Geff → Gc for small stresses. On the other hand, as the fully plastic condition is approached, such corrections are not satisfactory because they are very sensitive to the stress and the analysis is better couched in terms of displacement. A simple case where this can be done is that of three-point bending, shown in Figure 18. If the ligament is fully plastic with a stress distribution as shown, the collapse load is given by



P = σy



B (W − a)2 L



(40)



The plastic-zone work is U p = Pup , where up is the displacement. The general deﬁnition of fracture toughness R, analogous to G for stable growth, may be used:



R= J =



1 dUp , up = constant B da



(41)
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Fig. 18. Fully plastic three-point bending.



In the context of an important plastic deformation the computed toughness is termed J c . Thus Jc =



2Up B(W − a)



(42)



This assumes a fully plastic ligament and ignores elastic effects but does allow J to be found in the fully plastic case. In fact, this form is true when elastic energy is included, provided that L/W = 4. This analysis has been widely employed for measuring the toughness of very tough materials since the stress state in the ligament is very close to plane strain for the three-point bend test. Thus, the J c measured at crack initiation should be the same as Gc in an LEFM test. The specimens may be much smaller and the size criterion is 



Jc B and (W − a) > 25 σy



 (43)



which is generally about a factor of 3 less than the LEFM value (11,22). J-Integral. Crack initiation in these fully plastic cases is usually followed by slow, stable growth, and it is often difﬁcult to determine when growth has been initiated. It has been attempted to solve this problem by a procedure (22,23) in which several identical specimens with a/W ∼ 0.5 are tested, but each is loaded to a different load-point displacement. The energy under each load-deﬂection curve is measured and J should be found from equation (41). Each specimen is broken open after cooling in liquid nitrogen to reveal the growth reached when the test was stopped. Growth is then plotted as a function of J and, by extrapolation to zero, J c at initiation is obtained. However, the crack tip is often blunted considerably. This can be modeled by assuming a semicircular crack tip; the apparent blunting growth is then δ/2 and this growth is given by ab =



J δ = 2 2σ y



(44)



The extrapolation of the measured a values, which include ab , should then be made to the blunting line of slope 2σ y . This is shown in Figure 19 in which A is the blunting line and B the initiation condition J = J c .
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Fig. 19. Determination of J c in a fully plastic three-point bend test, A: blunting line; B: initiation condition J = J c .



Concept of Essential Work of Fracture (EWF). The EWF method was originally proposed for the evaluation of the fracture properties of thin metal sheets. In recent years, it has also been used for the characterization of the fracture behavior of tough polymers (24). The EWF concept is based on the assumption that the total work of fracture W f is the sum of two deformation energies W e and W p , dissipated in two distinct regions at the crack tip, the so-called process zone or inner fracture zone, and the outer plastic zone (Fig. 20a): Wf = We + Wp



(45)



The energy dissipated in the process zone W e , is related to the creation of new surfaces. It depends, therefore, on the size A = lt of the surface of the zone to be fractured, where t is sample thickness and l the ligament length (see Fig. 20a). The energy W p dissipated in the outer plastic zone depends on the volume V of that zone [proportional to the square of the ligament length and the sample thickness (24,25)]. W e and W p can therefore be expressed by We = We A= we lt



(46)



Wp = wp V = wp βl2 t



(47)



The quantity we is referred to as the speciﬁc essential work of fracture (in kJ/m2 ) and the parameter wp is called the speciﬁc nonessential or plastic work of fracture (in MJ/m3 ). The factor β is dependent on the strain hardening capacity of the material, which determines the shape and extension of the plastic zone parallel to the loading direction. It is assumed that β does not vary with the ligament length (24). If this condition is met, then the force–displacement curves of specimens with different ligament lengths display the same shape. Using equations (45) and (46),
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Fig. 20. (a) Double-edge notched tension (DENT) specimen and indication where the essential (W e ) and the nonessential work of fracture (W p ) is dissipated, (b) schematic EWF plot.



the total work of fracture can be expressed by Wf = welt + wp βl2 t



(48)



The speciﬁc work of fracture wf is obtained by normalizing W f : wf =



Wf = we + βwpl lt



(49)



A plot of wf versus the ligament length results in a straight line (EWF plot), as sketched in Figure 20b. The speciﬁc essential work of fracture we is given by the intercept of the EWF plot with the y-axis. The slope of the curve yields the plastic work term βwp . This quantity is a geometry dependent measure of the ductility of the material since it depends on the size of the plastic zone and the speciﬁc plastic work. The essential work of fracture we is considered as a characteristic material parameter. For the evaluation of the EWF parameters we and βwp , the European Structural Integrity Society (ESIS) protocol recommends the use of double-edge notched tension (DENT) samples. In principle, it is also possible to determine a we value for plane strain conditions (24). Evidently, we and βwp are dependent on temperature and strain rate (21,25–27). In order to ensure plane stress behavior, the DENT specimens must satisfy certain geometry requirements. Typically, there are two critical regimes in the EWF plot as sketched in Figure 20b. At low ligament lengths the stress state in the sample changes from plane stress to plane strain. As a result, wf decreases more rapidly than for plane stress conditions. The ligament length corresponding to the transition from plane stress to plane strain behavior depends on the individual
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polymer. The ESIS test protocol recommends for the lower limit of the ligament length a value of lmin = 3t −5t (24). Samples with high ligament lengths often fail in a semibrittle manner prior to full ligament yielding owing to “edge-effects.” The speciﬁc work of fracture therefore shows a negative deviation from the linear relationship. Full ligament yielding, however, is a prerequisite for the applicability of the EWF method. In order to exclude nonlinear behavior, the maximum ligament length should not exceed lmax ≈ W/3 (24). This limit was proposed on the basis of previous investigations. The maximum ligament length can also be estimated from an analysis of the plastic zone size rp at the crack tip. Nonlinear effects occur if l > 2rp (24). Usually, W/3 and 2rp are close to each other. However, for some polymers the relationship between wf and l remains linear beyond lmax = W/3 (22). In other words, lmax depends on the polymer in question. As for the LEFM approach, the EWF data must be checked for validity. The maximum net section stress σ max (=F max /lt) in the ligament is supposed to depend very little on ligament length; it should satisfy the following relationship (24): 0.9σm < σmax (l) < 1.1σm



(50)



where σ m is the average value of the maximum net section stress σ max . Data which do not satisfy equation (49) should be rejected from the determination of we and βwp . Furthermore, the net section stress σ max in the ligament should not exceed the theoretical stress in the ligament of DENT specimens at the onset of yielding. Under plane stress conditions the latter quantity is given by the following relation: σmax = 1.15σy



(51)



Note, it is probable that we = Gc for the appropriate stress state.



Fracture Development Initiation and Propagation. Most polymer objects are homogeneous on a macroscopic scale and their ﬁrst response to a (gradually) applied critical load is a more or less homogeneous deformation, which eventually will turn into the different forms of ductile or brittle failure. For brittle fracture to occur the homogeneous deformation has to become localized, whereas ductile failure generally involves a more extended region (Fig. 2) and occasionally the whole specimen. Ductile deformation phenomena leading to polymer failure include yielding with and without neck formation, creep, and ﬂow. The latter two phenomena certainly do not comply with the deﬁnition of fracture given in the introduction, since neither creep nor ﬂow would give rise to the formation of new surfaces within the body. All these phenomena and the criteria of their initiation are discussed elsewhere in this Encyclopedia (see MECHANICAL PROPERTIES; VISCOELASTICITY). Reference will be made where appropriate since these phenomena frequently precede and/or modify subsequent brittle fracture. The most likely sites for crack nucleation or initiation are irregularities of the polymer network or stress concentrators already present such as defects, inclusions, or surface scratches. Generally, a nucleus or a defect need to grow,
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sometimes for a long time, before they reach a size sufﬁcient to inﬂuence their own growth and to provoke eventually the instability of the loaded object. Thus, the following four stages of fracture development can be distinguished:



(1) crack nucleation (or activation of an existing defect);



(2) thermally activated extension . in mode I the plane of crack growth is rather smooth (mirror), the rate a normally increases with crack length a and stress intensity factor K (eq. . (34)), a decreases through crack tip blunting (or at constant external displacement due to the increase in compliance C, eq. (7)). Such a decrease can lead to crack arrest and also give rise to the so-called stick-slip behavior of crack propagation;



(3) nucleation of secondary cracks ahead of the primary crack and thermally activated coalescence between primary and secondary crack planes leading to some roughness of the fracture surface. The rate of crack propagation can increase notably during this stage, thus its contribution to the total time under stress of a sample can mostly be neglected;



(4) unstable crack propagation once K Ic is reached [Gc > R(a)]. In Figure 21 the fracture surface of a specimen of PMMA is shown. Loaded in tension, the specimen deformed homogeneously up to 70 MPa when brittle fracture occurred. It is important to point out that even under the condition of apparently instantaneous fracture, a semicircular, mirror-like zone had grown in a stable manner to about one half of the specimen thickness (stages 2 and 3). The specimen failed after K Ic was reached. These different stages exist in most cases of tensile brittle fracture, but their duration, their relative importance, and additional structural features (Wallner lines in impact, parabolic markings due to the initiation of secondary cracks, striations in fatigue) depend on the stress–time history (19). In order to understand and avoid (or at least, to predict correctly) a fracture event, one has to know the elementary molecular mechanisms involved in crack advance and the effect of the principal extrinsic and intrinsic variables. In the following we will discuss, therefore, the strength determining structural elements of the different polymer classes.
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Fig. 21. Brittle fracture of a PMMA specimen loaded in tension at 23◦ C; (a) the surface shows the semicircular, thermally activated crack grown to about one half of the specimen thickness, (b) crack initiation at a surface defect.



Essential Elements of Polymer Structure. Amorphous thermoplastics are formed by randomly coiled, interpenetrated chain molecules, which cohere by weak van der Waals forces. To give tenacity to such a physical network it is indispensable that stresses are transferred by the chain backbones over long distances. This requires long, well entangled chains. The molecular weight M w must be many times larger than the molecular weight between entanglements (M e ). And the entanglement density ν e has been found to be a prime parameter controlling the tendency for crazing of glassy polymers (see CRAZING)) (12). Readily crazing polymers like polystyrene have a ν e of the order of 3×1025 m − 3 , whereas tough homopolymers generally have a ν e > 20×1025 m − 3 . In fact, compiling data from literature (26,27) shows that K Ic scales with ν e 1/2 (Fig. 22). The same conditions concerning M w and ν e also apply to semicrystalline polymers (see Fig. 22). In addition, semicrystalline thermoplastics are characterized by their heterogeneous, lamellar, and frequently spherulitic structure (Fig. 23). Morphological features of particular importance for the deformation behavior include the size, morphology, and perfection of spherulites, the strength of the interspherulitic boundaries, and the physical structure of the crystalline phase. The smallest building-blocks considered here are aggregates of crystal lamellae connected by amorphous regions (Fig. 24). These latter consist of a network of nonextended entangled chains, dangling chain ends and/or loops, and more or less taut tie-molecules. Above T g there is a pronounced difference between the
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Fig. 22. Representative static plane-strain toughness values of different amorphous and semicrystalline thermoplastics as a function of the square root of the entanglement density. From Refs. 26 and 27.



Young’s modulus of an amorphous region (typically very much less than 1 GPa) and that of a crystalline lamella in the chain axis direction (235 GPa for orthorhombic polyethylene and 40 GPa for helical isotactic polypropylene). Thus, the amorphous regions will account for most of the elastic and anelastic deformation. The regions oriented perpendicular to an applied (uniaxial) stress will initially mainly deform by interlamellar separation (Fig. 24c). In this case, strong hydrostatic tensions within the constrained amorphous network are created. At the same time, the tie chains become more extended and transfer locally concentrated elastic stresses to the lamellae (28). Stress relief can occur in three ways: by homogeneous deformation of the amorphous network (only possible in thin ﬁlms), through void formation in the interlamellar regions involving chain scission, segmental slip and/or disentanglement (Fig. 24f) and/or through crystal plastic deformation (Figs. 24d and 24e). Thermoplastic elastomers, blends, and ﬁlled polymers also show a superstructure consisting of different phases. These structures and their pronounced
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Fig. 23. Spherulitic structure of melt-crystallized polypropylene.
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Fig. 24. Schematic representation of the possible deformation processes of a stack of crystal lamellae: (a) the initial state, (b) interlamellar shear, (c) interlamellar separation, (d) intralamellar block shear, (e) intralamellar ﬁne shear (not shown: bending and rotation of lamellae), and (f) cavitation within the amorphous regions.



effect on the deformation mechanisms and ultimate properties will be discussed elsewhere (see ELASTOMERS, THERMOPLASTIC; POLYMER BLENDS). Filled rubbers form a complex network of cross-linked chains connected to surface-active particles such as carbon black or amorphous silica (see CARBON BLACK). Here we will only indicate the structural features of importance in unﬁlled cross-linked elastomers. Two breakdown mechanisms are conceivable: the initiation and growth of a cavity in a moderately strained matrix and the accelerating, cooperative rupture of interconnected, highly loaded network chains. The second mechanism is more important under conditions, which permit the largest breaking elongation λbmax to be attained (29). In that case, the quantity λbmax is expected to be proportional to the inverse square root of the cross-link density ν e ; in fact, an increase of λbmax with ν e − 0.5 to ν e − 0.78 is found experimentally for a variety of networks. The maximum elongation λbmax is the only feature of large deformation behavior which depends only on network topology (29). The structure of cross-linked resins is characterized by the average mass M c of the segments between cross-links, their conﬁguration and by the nature of the cross-linking agent (for instance amine-cured epoxy resin systems show distinct βrelaxations resulting in greater toughness and ﬂexibility and in higher T g values as compared to anhydride-cured polymers). Generally, Young’s modulus in the glassy state, yield strength and the glass transition temperature increase with 1/M c , that is, with increasing cross-link density. On the other hand, the critical
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crack opening displacement δ c and the critical energy release rate GIc grow with M c (30).



Deformation and Damage Mechanisms of Thermoplastic Polymers Effect of Temperature. In the context of this article we will discuss the fracture behavior of thermoplastic polymers more extensively. When a spherulitic sample is strained, local strains within a lamellar stack will vary considerably, depending on the local Young’s modulus, the relative orientation of the lamellar stack with respect to the principal stress direction, and on the intensity and relative importance of the elementary deformation and damage mechanisms. The activation energies of such mechanisms are widely different and their rates vary accordingly. The potential barrier U tt for twisted translation of, eg, a CH2 -group with respect to its neighbor in a polyethylene-crystal is at room temperature 2.1 kJ/mol, whereas the energy U s for chain scission amounts to 335 kJ/mol. The tensile deformation of HDPE at room temperature and modest rates of loading is below the yield point determined by lamellar separation, interlamellar shear, and some uncorrelated intralamellar slip [preferentially along the (100) plane]. Correlated intralamellar (coarse block) slip was observed at Hencky strains ε H between 0.1 and 0.6, lamellar fragmentation and ﬁbril formation at ε H > 0.6, and truly plastic ﬂow at εH > 1 (27,31–33). The considerable plastic deformation remains homogeneous under these conditions, and it leads to a highly oriented ﬁbrillar structure which ﬁnally fractures in a ﬁbrous manner and at very little additional deformation. This behavior changes with decreasing temperature. The amorphous regions stiffen below T g , conformational changes and intra-lamellar slip processes become more difﬁcult, the overall yield is suppressed (Fig. 25F), the density of stored elastic energy increases, and the deformation becomes more and more localized. The mode of fracture is particularly inﬂuenced by the competition between correlated intralamellar slip and the cavitation within and ﬁbrillation of the amorphous intercrystalline regions. The former mechanism dominates at higher temperature and modest rates of deformation and leads to extended plastic deformation, the latter giving rise to craze-like features and stress whitening. Depending on the stability of the formed craze micro ﬁbrils the stress-whitened zones can be more or less extended. Fracture at liquid nitrogen temperature (Fig. 25A) is initiated by the scission of interlamellar tie-molecules (33). As a second example the fracture behavior of an amorphous, unplasticized poly(vinyl chloride) (PVC) is presented (Fig. 26). At low temperatures there is no intersegmental slip, fracture stresses σ b are high, and fracture is brittle showing a substantial variability in σ b . This is explained by the presence of a large number of network irregularities and/or ﬂaws of different size or severity, the most severe of which determines the fracture strength. With the onset of chain relaxation and small-scale plastic deformation, the elastic strain energy at the crack tip is reduced and possibly some local strain hardening occurs (34,35). This counterbalances the detrimental effect of a defect leading to much less scatter in the semibrittle and ductile regions (Fig. 26). Evidently, elimination of defects not only reduces the observed scatter but also increases the service life of a structure (19,36).



Vol. 2



FRACTURE



641



A 90



B



80 C



Tensile stress , MN/m2



70



D 60 E 50 F 40 G 30 H 20 10



0



0.02



0.04



0.06



0.08



0.10



Strain



Fig. 25. Stress–strain curves of polyethylene at different temperatures: A, 93 K; B, 111 K; C, 149 K; D, 181 K; E, 216 K; F, 246 K; G, 273 K; H, 296 K. From Ref. 32.



Effect of Loading Rate. As to be expected for a viscoelastic material, increasing the rate of loading has the same effect as decreasing the temperature. As an example the behavior of a high molecular weight polypropylene (PP) is shown schematically in Figure 27. It exhibits the same deformation and fracture phenomena mentioned above, which range from extensive shear and stress whitening (at loading rates v from 0.1 to 1 mm/s) to small scale yielding and crazing (10 mm/s), multiple crazing (50 mm/s to 1 m/s), and the formation of a single craze turning into a crack (at v = 2–10 m/s) (26,27). The evolution of the critical stress intensity factor of the PP homopolymer reﬂects perfectly well the observed stress–strain behavior. Toughness K Ic decreases with the decreasing amount of plastic deformation at increasing rates of loading. This is different, though, for rubber toughened PP where the rate of cavitation of rubber particles increases with loading rate. The cavitation gives rise to local matrix plasticity and thus to an increase in K Ic (Fig. 28, see also Figs. 32 and 33) (21,26,27). Stress Transfer and Internal Main Chain Mobility. In concluding this section it can be stated that brittle fracture of a polymer occurs if two conditions are met: ﬁrstly, lateral stress transfer between segments must be efﬁcient so as to build up a high strain energy density. And secondly, internal main chain mobility must be small since it would counteract large axial chain stresses. The competition between stress transfer and stress relaxation determines the level of stored energy (which can be reached), the damage (which is created or activated), and the
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Fig. 26. Fracture stress in tension (T) or bending (three-point bending) of unplasticized PVC. The vertical bars indicate the maximum scatter band. From Refs. 34 and 35.
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mode of fracture. This is convincingly shown by the brittle fracture of elastomers at liquid nitrogen temperature when the axial stresses imposed onto the chains by intersegmental shear become so important that chain scission occurs (19,37). The critical tensile stress for brittle fracture of a thermoplastic is well correlated with the level of interaction between (or packing density of) the chain backbones (19,38). On the other hand, reducing the degree of crystallinity (through quenching, introduction of chain branching, or addition of an atactic component) improves toughness at the expense of sample stiffness. This statement is corroborated by the decrease of the impact resistance rating of a homopolymer with increasing storage modulus (brittle if E > 4.49 GPa, brittle if bluntly notched if E > 3 GPa) (19,38). The role of chain mobility is demonstrated by the positive correlation between
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Fig. 27. The effect of loading rate on the mode of fracture of a high molecular weight PP. From Refs. 26 and 27.



polymer toughness and the β-peak intensity of tan δ (21) and by the frequent coincidence of the temperature of secondary relaxations with that of brittle–ductile transitions (19,39). The ﬁne interplay between lateral stress transfer and chain mobility can be seen by the different craze extension modes displayed by a methyl methacrylate glutarimid copolymer strained at different temperatures (40,41). At T < 0◦ C, craze tips are sharp and grow by chain scission and at T < 50◦ C, stresses at the craze tip are distributed by chain slip over diffuse deformation zones, which become more conﬁned at 80◦ C. Secondary crazes appear because of disentanglement, if straining is done at 130◦ C, and the sample deforms homogeneously above the glass transition at 145◦ C.
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Fig. 28. The effect of loading rate on the toughness of a high molecular weight PP. From Refs. 26 and 27.



Two important modiﬁcations have to be mentioned, which permit to control stiffness and toughness of a polymer material separately: polymer orientation and reinforcement through a second phase such as core-shell particles, mineral ﬁllers, or short ﬁbers (see REINFORCEMENT).



Durability All the above examples concern the more or less rapid loading of a sample up to fracture. The most frequent load histories, however, are application of a constant load at a level much below the fracture strength (see VISCOELASTICITY) or the repeated application of a (regularly or statistically) varying load (see FATIGUE). The long-term strength or durability of a polymer material depends foremost on its resistance to slow crack growth and to environmental attack. Slow Crack Growth. Many thermoplastics exposed to constant and moderate stresses over extended periods of time, as for instance pipes under internal pressure, fail in either of two different modes, in a ductile or in an apparently brittle manner. The durability is often represented as a stress–lifetime (σ –t) diagram (Fig. 29). The simultaneous action of two failure mechanisms gives in this case rise to two different branches of the lifetime curves. At moderate stresses (above ∼50% of σ y ) the HDPE pipes fail in a ductile manner because of plastic instability of the creeping material (Fig. 2, which corresponds to Point 1 in Fig. 29). The ductile failures are strongly stress-activated (Ea = 307 kJ/mol) giving rise to the ﬂat portions of the σ –t curves. Fracture at smaller stresses and after more extended time periods often occurs in an apparently brittle manner by thermally activated slow crack growth (SCG) (steep branches in Fig. 28, Ea = 181 kJ/mol). Such a crack usually initiates from a defect, mostly at a boundary (Fig. 30a); it grows by transformation of matrix material into ﬁbrillar matter. Further growth of this craze-like feature occurs through the disentanglement and breakdown of the numerous microﬁbrils, which leave some traces on the (moderately plane) fracture
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Fig. 29. Times to failure of HDPE water pipes under internal pressure p at different stresses and temperatures: A, 20◦ C; B, 40◦ C; C, 60◦ C; D, 80◦ C. 1 = ductile failure (see Fig. 2); 2 = creep crazing (see Fig. 28). Circumferential stress σ = dm /2s, where dm = average diameter and s = wall thickness. From Ref. 19.



zone (Fig. 30b). The temperature dependence of the two failure mechanisms—and of the transition points—follow an Arrhenius equation. The displacement with temperature of the two branches in the (σ –t) diagram is generally highly regular, so that reliable predictions may be made of the lifetime as a function of stress level by extrapolation of the steeper branch (42). . The rate a of SCG increases with the applied stress and the time-to-failure . decreases. For HDPE, the rate a has been found to be proportional to K c 4 (17; Fig. 15). The rate is reduced by all parameters, which increase the number of tie-molecules and/or make chain pull-out and disentanglement more difﬁcult like high molecular weight and presence of short-chain branches (SCB). A dramatic increase of durability with branch density has been found (43,44). A density of 5 butyl-groups/1000◦ C increases the time-to-failure of linear HDPE by up to a factor of 104 with the resistance to SCG of an ethylene–hexene copolymer residing in those chains whose M w > 1.5 × 105 (44). There is an indication of a threshold
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Fig. 30. (a) Surface of a creep craze formed in HDPE under conditions shown as point 2 in Figure 27: σ v = 6 MN/m2 , T = 80◦ C; (b) Detail of the fracture surface close to the upper center of the zone which was apparently the point of creep craze initiation. From Ref. 19.



value for the hoop stress, below which defects do not develop into creep cracks (45). Under such conditions, a third and horizontal branch of the σ –tb curve is observed (at about 3 MPa for HDPE at 80◦ C). SCG can be substantially reduced by cross-linking, as for instance observable in peroxy cross-linked HDPE (46). While most studies of durability show a linear log (tb )–log (σ ) relationship, the slopes may vary depending on sample geometry, crack tip blunting, preorientation, or material degradation. Long-term studies with fully notched tensile specimens basically conﬁrm the results of Figure 29 (47,48). This creep rupture test is a reliable and rapid method and much simpler to perform. A perfect proportionality was found (48) between the times to failure tb in hydrostatic pipe rupture tests and the tb in uniaxial, fully notched creep tests, the latter being 10 times faster, however. The use of a surfactant (ethylene glycol) accelerated the tests by another factor of 4 while maintaining the proportionality between the times to failure of the different (pipe) materials, thus permitting their grading. Such a possibility (to accelerate tests) is especially welcome in view of the continuous improvement of resins. In fully notched creep tests (according to ASTM F1473), an increase in lifetime (by a factor of 1.5–2) in the transition region was observed (47) when the stress was increased to such a level that ductile deformation just became the dominant mechanism. This effect, due to crack tip blunting, leads to a hook in the σ –tb diagram (47). They also report an abnormal temperature-shifting behavior for some copolymers of ethylene with hexene or octene. From the original concept of ﬂow, ie, the thermally activated motion of molecules across an energy barrier, various fracture theories of solids have emerged, considering, eg, a reduction of primary and/or secondary bonds (19,49, 50). The importance of primary bonds for static strength had been deduced very early from the dependencies of sample strength on molecular weight and volume concentration of primary bonds. A more general approach, the rule of cumulative damage (51), does not explicitly specify the nature of the damage incurred during loading, but attempts to account for the inﬂuence of load history on sample
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Fig. 31. Times to fracture under constant uniaxial load σ 0 . A, Cellulose nitrate (CN) at temperatures of 70, 30, −10, and −50◦ C, reading from left to right. B, Nylon-6 at temperatures of 80, 30, 18, −60, and −110◦ C, reading from left to right. To convert MN/m2 to psi, multiply by 145. From Refs. 19 and 50.



strength. The kinetic theory of fracture proposes that the “rate of local material disintegration” is proportional to 1/[tb (σ 0 )] and that fracture occurs after a critical concentration of damage has been attained: tb = t0 exp(U0 − γ σ0 )/RT



(52)



The three parameters involved have to be interpreted as energy of activation U 0 of breakage of some bonds (primary or secondary), as an inverse of a molecular oscillation frequency t0 , and a structure-sensitive parameter γ . Experimental data and theoretical curves according to equation (51) are given in Figure 31. At this point it should be stated again, that the durability of a polymer does not so much depend on the ultimate strength—and breakage—of the backbone chains, but on their capacity to effectively transmit stresses over long distances. This capacity suffers from low molecular weight and all chain parameters, which favor slip, pull-out, and disentanglement. At relatively high temperatures, the lifetime is limited by a third mechanism, the oxidative degradation of the backbone chains. Such loss in mechanical strength can occur abruptly, giving rise to a vertical branch of the σ –tb curve (26,45,46, 52). In order to retard oxidative damage, stabilizers are added to most polymers, especially to polyoleﬁns and PVC (see DEGRADATION). The presence of a stabilizer not only has a positive effect on the time of ﬁnal breakdown but it also appears to reduce the rate of SCG (45), probably by hindering the selective degradation of highly loaded tie-molecules (26,27). On the other hand, the lifetime is reduced if stabilizer is extracted from a pipe wall through contact with an active liquid. Active agents in this respect include even stagnant, deionized hot water (52). A still greater reduction in lifetime will occur in the presence of certain surfaceactive media or of a liquid under ﬂow (see below).
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Multiaxial Stress Criteria and Environmental Effects Multiaxial States of Stress. Throughout this article we have indicated that failure depends on the level and on the multiaxiality of stress. The classical approach to predict safe operating conditions is based on the assumption that failure must be expected whenever the components of the stress tensor (usually the three principal stresses σ 1 , σ 2 , and σ 3 ) combine in such a way that a strategic · quantity reaches a critical value C (19,53). The condition f (σ 1 , σ 2 , σ 3 ) = C(T, ε) represents a two-dimensional failure surface in three-dimensional stress space. Such failure criteria, which are not based on fracture mechanics, describe most commonly the initiation of Crazing or Yielding. They have to be considered here for two reasons. In the ﬁrst place they permit to judge whether crazing or general yielding are initiated before brittle fracture. Secondly, they help to predict the extent of local plastic deformation, which has a notable inﬂuence on toughness. In the following we will mention three criteria, which are applied to the shear yielding of homogeneous polymers, to craze initiation and to the formation of voids or cavities respectively. Shear Yielding. The most widely used criterion of von Mises is based on the assumption that only the energy of distortion determines the criticality of a state of stress. It can be expressed as 1 (τoct )2 = [(σ1 − σ2 )2 + (σ2 − σ3 )2 + (σ3 − σ1 )2 ] < (τ ∗ )2 9



(53)



where τ ∗ designates a critical value, which could be expressed in terms of eg, the octahedral shearing stress τ oct , or the yield stress τ y in pure shear. The above expression does not take into account the rigidifying effect of hydrostatic pressure. Thus, the critical octahedral shear stress should be corrected accordingly: τoct < τ0 − µp



(54)



where µ describes the sensibility of yield stress to pressure. If p = (σ 1 + σ 2 + σ 3 )/3 (the hydrostatic component of the stress tensor) is positive, it designates a tension, which reduces τ oct . On the other hand, application of compressive stresses or external hydrostatic pressure will increase the critical (octahedral) shear stress. This leads to a difference between the uniaxial compressive strength σ cb and the uniaxial tensile strength σ tb , the ratio m = σ cb /σ tb varying between 1 and 1.45 (see YIELDING). Craze Initiation. Although the effect of multiaxial states of stress on the brittle and ductile failure of isotropic polymers is sufﬁciently well represented by the above classical failure criteria, this is not the case for crazing or the failure of anisotropic polymers, ie, oriented sheets, ﬁbers, single crystals, etc. For craze initiation we will cite the stress-bias criterion as proposed by Sternstein (54): σcraze = |σ1 − σ2 | ≥ A(T) +



B(T) σ1 +σ2 +σ3



(55)
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where A and B are functions of the temperature T. For uniaxial stress two elegant formulations exist, namely the relation of Kambour (55) that σ craze is a linear function of the cohesive energy density (CED) times T (where T = T g − T test ), and that of Wu (56) that σ craze is linearly related to the entanglement density ν e . Formation of Voids or Cavities. Voids or cavities are most likely formed in ﬂexible polymers subjected to triaxial strains. It is a major mechanism to initiate heterogeneous deformation in elastomers, in the amorphous phase of semicrystalline polymers above its T g and in elastomer-modiﬁed polymers (57). Based on these considerations, the volume strain ε v has been used as a critical quantity (26,27,58): εv = (1 + εxx )(1 + εyy )(1 + εzz ) − 1



(56)



It is supposed that cavities (in elastomeric modiﬁer particles) form wherever εv > εvc . The volume strain εv in the vicinity of a sharp crack (in the plane of the crack, for opening mode I and for small strains) can be expressed as 2K I (1 − ν − 2ν 2 )(plane strain) √ E 2πr 2K I (1 − 2ν)(plane stress) εv = √ E 2πr



εv =



(57)



If Poisson’s ratio ν is taken to be 0.43 (as for a semicrystalline, rubbermodiﬁed polypropylene), the term in parentheses amounts to 0.20 in plane strain and to 0.14 in√plane stress. This means that the critical distance where ε v > εvc is by a factor 1/ (0.20/0.14) = 2 larger in plane strain than in plane stress. The same applies for the size of the plastic zone if matrix plastic deformation is triggered by particle cavitation. This is a remarkable result since it is exactly the opposite of what the von Mises criterion would predict. For a rubber modiﬁed polypropylene Gensler has numerically determined the contours of the (plastic) zone where a critical volume strain of 0.4% was exceeded for deformation rates of 100 and 5800 mm/s, and for plane stress and plane strain conditions, respectively (Fig. 32) (26,27). The shape of the calculated cavitation zone corresponds reasonably well to the actual shape of the stress-whitened zone (see Fig. 33a). Under both plane stress and plane strain conditions, the size of the plastic zone increases slightly with increasing test speed. What seems to be more important, however, is the gradual change of the stress state from plane stress to plane strain, which is responsible for the signiﬁcant increase of the extension h of the plastic zone with increasing testing speed (Fig. 33a). These studies conﬁrm again the excellent correlation between the toughness K Ic and the size of the plastic zone (Fig. 33b) (26,27). Environmental Effects. Environmental parameters acting on a specimen from outside are generally classiﬁed as physical (electromagnetic radiation, particle irradiation), physicochemical (like wetting or swelling), or chemical (oxidation, other forms of chemical attack). The action of these latter parameters mostly inﬂuences the strength of a polymer through the intervening structural changes (see also DEGRADATION; RADIATION CHEMISTRY OF POLYMERS; WEATHERING). At this point a special effect, the formation of environmental stress cracks (ESC) has to
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Fig. 32. Calculated shape of the plastic zone ahead of the crack tip in CT specimens of impact modiﬁed high molecular weight polypropylene as a function of test speed (100 and 5800 mm/s) and stress state. From Refs. 26 and 27. 4
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Fig. 33. Extension h of the stress-whitened zone parallel to the loading direction as a function of (a) the test speed and (b) the stress intensity factor K Ic . From Refs. 26 and 27.



be discussed. Such a synergistic interaction between mechanically stressed polymers and the ambient medium is observed in many rubbers and thermoplastics in contact with sensible liquid or gaseous environments. The origin of ESC is a stress-enhanced sorption and/or diffusion of the environmental agent by the polymer, which leads to swelling and plasticization (or even degradation) of the contacted (surface) zone of the polymer. The increased local chain mobility greatly facilitates crazing and eventually cracking. The critical strain ε c for craze initiation can be notably reduced as compared to that in air or in an inert medium
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(dry crazing). For amorphous polymers, a strong correlation between ε c and the difference }δ s − δ p } of the solubility parameters of environment (s) and polymer (p) has been found (12,19,59). The smallest values of ε c are usually observed for those polymer-solvent pairs where the equilibrium solubility Sv shows a maximum. The action of alcohols on PMMA, of Lewis acids and some metal salts on polyamides, and of hydrocarbons and detergents on polyoleﬁns should be speciﬁcally mentioned (59). Environmental agents also inﬂuence the later stages of stress cracking, ie, craze growth and breakdown, resulting in crack formation. The fracturemechanics concept has proved to be useful to explain quantitatively the kinetics of crack growth in a liquid environment if the wetting, spreading, ﬂow, and diffusion behavior of the liquid at the crack tip and within the capillaries opened up through the craze are taken into account. The three typical stages of environmental stress cracking are well represented by a semicrystalline polymer, LDPE in contact with a detergent (Fig. 34). Sorption starts with the application of stress, but for an incubation period (ti ) the stress-cracking agent has no, or little, apparent effect. In the following period there is a rather modest increase in durability with decreasing K c , since at this stage SCG is strongly assisted by the action of the active liquid (Stage II, steep slope of the K c –tb curve). A durability threshold is only attained at a very low level of K c (Fig. 34). On the other hand, in the absence of the stress-cracking agent the rate of SCG depends very strongly on the applied stress intensity factor K c (eq. (34)). Thus one observes a very pronounced increase in durability if K c is decreased from the value of the initial toughness of K Ic = 0.9 MPa · m1/2 (a rather ﬂat K c –tb curve). An amorphous polymer [ABS with and without a nonionic surfactant (60)] would behave in a rather similar manner also exhibiting these three different stages. The ESC fracture behavior of semicrystalline polymers can be understood on the basis of a stress-activated diffusion of stress-cracking agent into the interlamellar regions. Fracture at tb < ti occurs by local drawing of the practically unplasticized sample. In the second stage (tb > ti ) and at higher stresses, ESC leads to a mixed mode fracture involving large-scale plastic deformation, void
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formation, and multiple cracking giving rise to a fairly rough fracture surface. In low stress ESC at tb  ti fracture occurs by craze breakdown or interlamellar failure (through chain disentanglement or rupture), leaving rather smooth fracture surfaces. From this analysis it can be deduced that environmental effects are reduced through the same factors which improve the interlamellar connectivity. The excellent proportionality between the times to failure of different polymer grades in the presence and absence of a surfactant mentioned above (48) is further evidence.



Characterization and Test Methods Fracture toughness characterization has been discussed throughout this article from different view points. It requires well-deﬁned specimens and procedures, which have already been indicated. For convenience this information is here summarized again. Fracture mechanics specimens: (1) (2) (3) (4) (5) (6) (7)



Compact tension (CT), Fig. 12 Double cantilever beam (DCB), Fig. 7 Double-edge notch for essential work of fracture (EWF), Fig. 20 Double torsion (DT), Fig. 16 Single-edge notch tension (SENT), Fig. 12 Single-edge notch three point bending (SENB), Fig. 12 Tapered cantilever, Fig. 16.



Fracture concepts treated in individual paragraphs: (1) Linear elastic fracture mechanics (including the Irwin model of conﬁned plasticity, the line-zone or Dugdale model and viscoelastic effects) (2) Fracture mechanics of dissipative materials (including the J-integral and the Essential work of fracture concepts). (3) Slow crack growth (4) Multiaxial states of stress (5) Environmental effects For a more detailed discussion on testing methods the reader is referred to the International Standards (ASTM, ISO) and the cited comprehensive literature (2–5). Special care has been taken to elucidate the molecular and physical background of fracture phenomena.
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